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Abstract

A phase-field model dedicated to dislocation climb under irradiation has

been coupled to point defects and chemical species transport equations. It

allows to predict radiation induced segregation in Fe-Cr alloys around dislo-

cations in the isolated or stacking configuration like in symmetric tilt grain

boundaries. This work is challenging for several reasons: (i) radiation induced

segregation in Fe-Cr is difficult to simulate since Cr depletion or enrichment

can occur, depending on the Cr nominal composition and temperature, (ii)

dislocations are biased sinks due to their elastic fields which can not be ig-

nored in this case and (iii) other surrounding microstructural defects can

interact with dislocations and impact point defect and solute transport. To

overcome (iii), a mean-field approach is adopted, in which the influence of the

surrounding sinks is taken into account through the introduction of an over-
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all and uniform sink strength in the point defect diffusion equations. Despite

the numerous parameters of the model, unknown experimental information

and approximations made to make the simulations tractable, the numerical

results are in good agreement with the experimental ones. Moreover, the

model allows to identify the main physical parameters to correctly quantify

radiation induced segregation in the case of dislocations. Among them, the

point defect relaxation volumes are of first importance in comparison with

the solute relaxation volume or the nature of the slip system.

Keywords: Phase-field modeling, Irradiated metals, Edge dislocation,

Segregation, Elastic properties

1. Introduction

Radiation induced segregation (RIS) is a common phenomenon in irra-

diated materials and plays an important role on their microstructural evo-

lution. The mobile point defects (PDs) produced under irradiation migrate

towards sinks such as dislocations, dislocation loops and grain boundaries

(GBs) which therefore accumulate the atomic species preferentially driven

by PDs [1, 2]. In more details, the depletion or enrichment of each element

in the vicinity of sinks occurs according to its relative interaction with the

PD fluxes. RIS can be modeled in the framework of the thermodynamics of

irreversible processes [3], in which the Onsager coefficients Lij are key param-

eters to explain the kinetic response of an alloy subjected to thermodynamic

forces and to obtain the fluxes of atoms towards sinks. They depend on

temperature, stress fields, and local PD and solute concentrations. They can

be determined in principle from diffusion experiments but for multicompo-
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nent and concentrated alloys it is quite difficult to measure them [2]. For

this reason, theoretical models have been developed to determine the On-

sager matrix. Among them, the self-consistent mean-field (SCMF) model

[4, 5, 6] has been extensively used and generalized to any periodic crystal

structure thanks to the KINECLUE code [7]. Based on solute-PD binding

and migration energies obtained with DFT, matrices have been computed

in bcc [8, 9] and fcc alloys [10]. In atomistic kinetic Monte Carlo (AKMC)

simulations, the Onsager coefficients can be calculated using the generalized

Einstein equations [11, 12].

RIS profiles can also be obtained directly by AKMC simulations, in which

PD jumps are described individually [13, 14, 15, 16]. However, this type of

simulations is time consuming and limited to nanoscale systems [2]. Thus,

to simulate larger systems, it is necessary to rest on continuous descriptions.

The phase-field (PF) method is particularly adapted to study RIS because

diffusion processes are naturally incorporated and moreover elastic interac-

tions can be properly described [17], which is not the case yet in the AKMC

method. The PF approach has been used by Piochaud et al. [18] to model

RIS near a GB assimilated to a planar sink with no elastic interactions in Fe-

Cr alloys. In [18], the kinetic equations used in the PF model to simulate RIS

are based on the Onsager formalism. The Onsager transport coefficients Lij

and the driving force parameters (equilibrium PD concentrations, thermody-

namic factors) were computed at the atomic scale using AKMC simulations

fitted on DFT calculations. Piochaud et al. compared the predictions ob-

tained by the PF method and the AKMC simulations, and found a good

agreement for large ranges of compositions and temperatures investigated.
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They also showed that a quantitative PF prediction of RIS requires a precise

parameterization of the Onsager coefficients, equilibrium PD concentrations

and thermodynamic factors. More recently, Thuinet et al. [19] used the

kinetic parameterization of [18] to investigate RIS near a dipole of edge dis-

locations mimicking an interstitial dislocation loop. The results showed that

without taking into account elastic interactions between PDs and disloca-

tions, the tendency and the level of segregation near the dislocation cores are

comparable to the ones obtained at a planar sink. However, with the elas-

tic interactions, the segregation tendency and level around the cores change

strongly. In particular, the criteria established for RIS prediction near neu-

tral sinks based only on kinetic arguments [1, 2] must be reconsidered for

biased sinks like dislocations. Li and Trinkle [20] studied the modification

of the Si segregation near an edge dislocation due to its strain field via the

vacancy diffusion in Ni under irradiation using a mesoscopic approach. They

showed that Si atoms segregate in the compression region of the dislocation

core despite the fact that Si is an oversize solute in Ni. In these studies

[19, 20], dislocations act as perfect sinks and are assumed to be static which

is a questionable assumption. This hypothesis is justified if the kinetics re-

lated to PD and atom diffusion is much larger than the dislocation climb

velocity. It is the case for PDs in most of the cases, but it is not always

verified for atoms.

The aim of this paper is to investigate RIS in Fe-Cr alloys near edge dis-

locations as well as in the neighborhood of low angle symmetric tilt grain

boundaries (STGBs) by the PF method. Indeed, if a lot of works dedicated

to RIS modeling at neutral sinks already exist in Fe-Cr alloys, it must be
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emphasized that similar studies at biased sinks are scarce but required to

reach a deep understanding of RIS establishment in that case, which is still

lacking. In comparison to previous approaches [18, 19], the model developed

in [21] has the advantage to allow for dislocation climb during RIS and is

used in this work. The choice of this family of alloys is justified by their in-

terest for the nuclear industry [22]. Indeed, ferritic steels enriched in Cr have

a good creep and corrosion resistance. Furthermore, detailed experimental

investigations of RIS on dislocations and STGBs have been performed using

atom probe tomography (APT) on these alloys [23]. However, this work is

quite challenging for several reasons. Firstly, the experimental results on

RIS in ferritic steels are complicated to explain since, as illustrated by the

review performed in [24] of very different materials and conditions, both Cr

depletions and enrichments in the vicinity of sinks are observed, depending

on temperature and Cr composition. Other factors, like the grain boundary

misorientation, may also affect Cr segregation at sinks [25, 26]. The most

recent theoretical studies [27, 28, 18] explain this diversity of Cr behaviors

by a subtle balance between the enrichment due to self-interstitial atoms

(SIAs) and the depletion due to vacancies, which originates from the small

migration barrier for the Cr–vacancy exchange in Fe and from the absence

of drag effect by vacancies. Ferritic alloys are therefore more complicated to

simulate than austenitic alloys for which vacancies and interstitials both con-

tribute to depletion of Cr and enrichment of Ni [2]. Secondly, the long-range

elastic interactions between sinks, solute atoms and PDs, often ignored in

RIS studies at grain boundaries, cannot be reasonably neglected in the case

of dislocations. The main objectives and originalities of this paper are then
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(i) to assess the PF capability to predict RIS near biased sinks by a pre-

cise comparison with the available experimental data and (ii) to numerically

quantify the climb and elastic contributions to the establishment of the RIS

profiles. Moreover, to the author’s knowledge, this paper reports the first

attempt to model RIS at STGBs taking into account the climb process.

The assumptions and equations of the model are described in Section 2.

The sinks, dislocations and STGBs, are explicitly described and allowed to

migrate due to the absorption of PDs. They are embedded in an absorbing

mean-field medium characterized by an overall sink strength. In Sections

3 and 4, the results of the model are compared with experiments and the

influence of several physical parameters on RIS is presented and analyzed,

allowing to discuss the relevance and limitations of the model in Section 5.

2. Methodology

In this paper, we want to simulate RIS at dislocations and low angle

STGBs. In the first case, one dipole of dislocations is introduced in the

PF computational domain, as represented in Fig. 1-a). In the second case,

we use the Read and Shockley description [29], in which a STGB with the

misorientation angle θ is described as an array of edge dislocations, separated

by a distance h given by:

h =
b

2 sin(θ/2)
' b

θ
(1)

where b is the length of the Burgers vector. As a consequence, a pile-up of

dipoles is introduced in the simulation domain in order to simulate STGBs,

as shown in Fig. 1-b). The simulation domain is 2D, the number of PF cells
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of size a0 being respectively N1 and N2 along the directions e1 and e2 in

Fig. 1. Note that there are several possibilities to describe a pile-up of edge

dislocations in PF models depending on the elementary dipole used. In the

following, the habit plane of the dipole is defined as the plane containing the

two dislocations lines and its normal is labeled n. One way to create a dipole

of dislocations is to define an order parameter ηl equal to 1 in the portion of

the plane between the two dislocation lines and 0 outside and to associate to

this order parameter an eigenstrain equal to:

ε0,η
l

ij =
binj + bjni

2a0
(2)

where bi and nj are respectively the ith component of the Burgers vector

and the jth component of the unit vector normal to the habit plane of the

dipole. The elementary dipole can be such that: (i) n parallel to b (see

Fig. 1-b)) or (ii) n perpendicular to b (see Fig. 1-b) of [30] for instance).

In PF models for dislocations, the core corresponds to the region inside the

habit plane of the dipole where the profile of ηl presents a diffuse gradient,

going from 0 to 1. The motion of the dislocation is only allowed in this

plane. Then, only climb (respectively glide) motion will be possible in case

(i) (respectively (ii)). Up to now, most of the PF models for dislocations

were dedicated to glide and then configuration (ii) was preferentially used.

However, in this work, dislocation climb is under interest which requires the

choice of configuration (i). The choice made in this work allows then to

satisfy the conditions of [29] and at the same time to address the climb of

the dislocations in the STGB as they absorb PDs.

To properly describe the PF model for a binary A − B alloy used in
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Figure 1: Simulation box (2D) containing a) a dipole of edge dislocations, b) a pile-up of
edge dislocation dipoles or equivalently a low angle STGB. L1 stands for the axis of the
dislocation dipoles, i.e. the line passing through the cores of all dislocations.

this paper, the order parameters, total free energy of the system and evo-

lution equations are successively presented. To simulate the diffusional flux

couplings between PDs and chemical species, we need to introduce as order

parameters the atomic fractions of vacancies XV and SIAs XI, as well as the

atomic fractions XA and XB of the chemical species A and B (B being the

solute). Since we want to simulate RIS at dislocations cores, it is also re-

quired to reproduce the sink behavior of the dislocations. This can be done

by using the supplemental order parameters ηlV and ηlI which are related re-

spectively to the atomic fraction of vacancies and SIAs absorbed or emitted

by the dislocations. It can be easily shown that there is a relation between

ηlV, ηlI and the classical order parameter ηl used in PF methods to represent

a dislocation loop (ηl = 1 in the interior of the loop and 0 outside) since

the dislocation loop grows or shrinks through the net absorption/emission of

SIAs or vacancies according to its type (interstitial/vacancy):

ηl =
1

X∗
sign(l)(ηlI − ηlV) (3)

sign(l) = 1 for interstitial loop and -1 for vacancy loop, X∗ = a0/b is the
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number of PDs required for a unitary climb process.

The total free energy of the system F is the sum of the chemical energy

Fch, dislocation core energy Fcore and elastic energy Fel, which includes all

the long-range interactions between the order parameters. The chemical free

energy is given by:

Fch(Xα, Xd) =
kBT

Vat
[
∑
α

∫
V

Xα ln(γαXα)dV +
∑
d

∫
V

Xd ln(
Xd

Xeq
d

)dV ] (4)

where α stands for chemical species A and B, γα is the activity coefficient

of alloying element α, Vat the atomic volume, V the total volume of the

domain, kB the Boltzmann constant, T the temperature of the system, and

Xeq
d the PD atomic fraction at thermal equilibrium, d standing for vacancies

or interstitials. In PF methods, the dislocation core energy is classically

described as the sum of a crystalline and a gradient energy term and we

suppose it only depends on ηl :

Fcore(η
l) = Fcry + Fgrad =

∫
V

[fcry(ηl) +
γ

2
|n ∧∇ηl|2]dV (5)

with n the normal to the habit plane of the loop. The gradient of ηl is

projected on the habit plane of the loop to eliminate any energy contribution

along n. A simple double-well function is used for the crystalline energy

[31, 32, 33] when only one dislocation dipole is considered like in Fig. 1-a):

fDW
cry (ηl) = H(ηl)2(1− ηl)2 (6)

The coefficients H and γ control the dislocation core energy Ecore and

width w through the following expressions:

w =

√
8γ

H
, Ecore = b

√
Hγ

12
(7)
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The crystalline energy given by a double-well potential does not allow to

simulate several loops (parameter ηl can not have integer values superior to

1). In order to include in the proposed formalism these configurations like

in STGBs of Fig. 1-b), we replace the double-well potential by a periodic

function of ηl for which the minimum of the energy is reached for integer

values of ηl:

fSTGB
cry (ηl) = (0.5)4 ×Hsin2(πηl) (8)

The elastic energy is calculated via the microelasticity theory [34] and is

a function of the elastic strain which is the difference between the total strain

εij(r) and the total eigenstrain ε0,totij (r):

Fel =
1

2

∫
V

Cijkl[εij(r)− ε0,totij (r)][εkl(r)− ε0,totkl (r)] dV (9)

where Cijkl are the elastic constants of the system. The total eigenstrain

ε0,totij depends on the PD and solute relaxation volumes Ωd and ΩB, as well

as the Burgers vector b and unit vector normal to the plane of the loop or

the dipole n, as shown by Eq. 2 [30, 21]. The total strain εij(r) is solved in

the Fourier space, as detailed in [34, 35, 36, 37, 38].

The generation of PDs due to irradiation and the recombination between

vacancies and interstitials are reproduced by adding respectively the terms

Kd
0 and JR in the evolution equation of Xd. The recombination rate be-

tween vacancies and interstitials JR can be derived from Waite’s theory of

the kinetics of diffusion-limited reactions [39]:

JR = 4πdrec
DI +DV

Vat
XIXV (10)
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with drec the recombination distance between PDs and Dd the diffusion

coefficient of PD d. To simulate the presence of other sinks in the system

(dislocation forest, grain boundaries, precipitates, ...), we introduce in the

PD diffusion equation an additional absorption term Jabs
s,d :

Jabs
s,d = k2s,dD

d(X̄d −Xs
d) (11)

where k2s,d is the overall sink strength of the surrounding microstructure

for defect d, X̄d is the average value of Xd, X
s
d is the composition at the sink

surface taken equal to Xeq
d . In other words, the presence of other sinks than

the dislocation dipoles is represented by a mean field in each point of the

domain to which the sink strength k2s,d is associated.

In a binary A − B alloy containing dislocations which can climb due

to the absorption of SIAs and vacancies created by irradiation, it has been

demonstrated that the evolution equations of the order parameters are given

by [21]:

∂Xd

∂t
= ∇.[

∑
α

∑
β

ldαβXd

kBT
(sign(d)∇µβ +∇µd)]− ∂η

l
d

∂t
−Jabs

s,d −JR +Kd
0 (12)

∂ηld
∂t

= −Ldηl [
1

X∗
sign(l)sign(d)µη

l − µd] (13)

∂Xα

∂t
= ∇.[

∑
d

∑
β

ldαβXd

kBT
(∇µβ + sign(d)∇µd)] (14)

sign(d) = -1 for vacancies and sign(d) = 1 for interstitials. ldαβ are the

coefficients of the normalised Onsager matrix, where the subscripts α and β

stand for A or B:

ldαβ =
VatkBT

Xd

Ldαβ (15)

11



Eq. 12 gives the temporal evolution of the PD atomic fraction fied Xd:

- The first term on its right-hand side corresponds to the contribution of

the PD fluxes which are coupled to the chemical fluxes and then depend on

the PD potential µd (µd = Vat
δF
δXd

) but also on the potential of the chemical

species µβ (µβ = Vat
δF
δXβ

).

- The second term is the PD absorption term associated to the dislocations

which behave like sinks for PDs.

- The third term is the PD absorption term by the other sinks present in

the computational domain and represented by the overall sink strength k2s,d.

- The fourth term stands for the annihilation of PDs due to recombination.

- The last term is the PD irradiation source term.

Eq. 13 gives the evolution equation of the PD absorption term of the dis-

locations, and also allows to simulate the climb process which results from

two antagonist effects appearing in the right-hand side: the first one is re-

lated to the driving forces due to the core and elastic energy of the loop µη
l

(µη
l

= Vat
δF
δηl

), whereas the second one is the osmotic force related to the PD

supersaturation in the matrix. Ld
ηl

is a coefficient which controls the kinet-

ics of PD absorption/emission by the dislocation cores and is related to the

dislocation jog density, high values of this coefficient corresponding to the

perfect sink behavior.

Finally, Eq. 14 is the evolution equation of the chemical species which

can diffuse by vacancy and interstitial mechanisms.

3. Results

12



3.1. Definition of the reference case

In this paper, RIS is studied near straight edge dislocations and STGBs

in Fe-Cr alloys with a nominal Cr atomic fraction Xnom
Cr of 5% at 600 K. The

thermodynamic and kinetic parameters, namely the PD thermal equilibrium

fraction Xeq
d , the Onsager coefficients Ldαβ and the activity coefficients γα

available in [18] are used. They have been determined from Monte Carlo

simulations based on the model and parameters of [28]. The calculation of

point defects jump frequencies is based on a rigid lattice broken-bond model

using effective pair interactions depending on the temperature and local con-

centrations in order to properly take into account magnetic and vibrational

contributions particularly significant in Fe–Cr alloys [40, 41]. Equilibrium

PD concentrations Xeq
d are determined by the AKMC method presented in

[42]. AKMC simulations are also used to calculate the coefficients Ldαβ: one

vacancy (respectively one interstitial) is introduced in a simulation box in

which sites are either occupied by Fe or Cr atoms except one site repre-

senting a PD. During the Monte Carlo run, the statistical average of vector

displacements of atoms α mediated by the PD is calculated and Ldαβ coef-

ficients are then deduced using the generalized Einstein relations [43]. The

variation of the alloy chemical potential (or equivalently the activity co-

efficients γα) is computed by performing Monte Carlo Metropolis (MCM)

simulations combined with a Widom integration [44]. The main results con-

cerning the dependence of all the thermodynamic and kinetic parameters on

the temperature and local Cr concentration can be summarized as follows.

Xeq
d are found to slightly depend on the composition, which is not the case

for the alloy chemical potential: the lower the temperature, the greater is
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its variation with composition. Based on the obtained values of Ldαβ and

analytical diffusion models valid in simple cases (no precipitation, transport

coefficients independent of the local composition, no mechanical stress, neu-

tral sinks), it is shown that the vacancy contribution, leading to Cr depletion

near PD sinks, is dominant only at high temperatures: above 900 K, Cr is

expected to deplete near neutral sink on the whole composition range 0-20%

at. Cr whereas at lower temperatures, there is a composition range on which

Cr is expected to enrich, this composition range increasing with decreasing

temperatures. It was already shown in the case of planar sinks that tak-

ing into account this variation of the thermodynamic and kinetic coefficients

with local composition was required to quantitatively predict RIS [18]. As

a consequence, these quantities are not taken constant and uniform at the

nominal composition of the alloy but depend on the local composition in our

simulations.

The other necessary parameters for the simulations are given in Ta-

ble 1. The PD relaxation volumes are taken from [45] (Ωref
I = 1.08Vat,

Ωref
V = −0.048Vat). The relaxation volume of Cr are set at zero (ΩCr = 0)

which is equivalent to ignoring the difference between the lattice parameters

of Fe and Cr. The kinetic coefficients Ld
ηl

are chosen such that the perfect sink

behavior and climb rate are quantitatively reproduced. These coefficients are

also assumed proportional to the point defect mobility Ld
ηl

= ζd
ηl
Md to ensure

numerical stability [21]. So for all our simulations, the dimensionless form of

ζd
ηl

was set to 100 for both PDs. We assume there is no production bias, i.e.

K I
0 = KV

0 = K0 = 1.3× 10−7dpa.s−1, which corresponds to typical values for

neutron irradiation. For a value of drec = 0.994 nm [18] and the sink densi-
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ties adopted in our simulations, supplementary calculations not reproduced

in this paper for brevity show that the effect of recombination is negligible

(kinetic regime dominated by the PD absorption by sinks). The simula-

tions are performed for the usual glide system (001)[100] in bcc crystals. All

these parameters have been chosen to reproduce the experimental conditions

given in [23], one of the scarce studies characterizing chemical segregation

around dislocations and grain boundaries under irradiation. Moreover, in

this study, segregation measurements were performed on Fe–Cr model alloys

of ferritic–martensitic steels, for which the presence of other alloying elements

than Cr is very limited. Then, it is reasonable to compare these experimental

results with simulations where only Fe and Cr are considered.

b 0.283 nm
dislocation core energy 80 eV.nm−1

dislocation core width 2.264 nm
PF cell size a0 0.283 nm
N1 64
N2 128
domain size 36.2 × 18.1 nm2

initial half-distance of the dipole R0 4.528 nm
C11, C12, C44 243, 145, 116 GPa [46, 47]
Ωref

I , Ωref
V 1.08Vat, -0.048Vat [45]

ΩCr 0
Vat 1.13× 10−29 m3

Table 1: Physical parameters of the reference case.

3.2. Effect of the overall sink strength k2s,d on RIS profiles at dislocations

The value of k2s,d strongly depends on the studied microstructure (disloca-

tion forests, density of dislocation loops or cavities, ...) and even for a given
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microstructure, it is difficult to estimate it precisely due to the diversity of

the extended defects interacting with each other. As a consequence, a para-

metric study is performed. First, we assume that k2s,I = k2s,V = k2s and that

the overall sink strength varies between 2× 1015 and 1017 m−2, this variation

range being quite realistic [27]. The climb velocity vηl of the dislocations,

defined as ∂R
∂t

where R is the half-distance of the dipole, can be deduced from

the PF outputs by the following relation:

vηl =
V

2a20

∂ηl

∂t
=

V

2a20

1

X∗
sign(l)(

∂ηlI
∂t
− ∂ηlV

∂t
) (16)

where the symbol φ stands for the average value of the order parameter

φ. The first equality is demonstrated in the Supplemental Materials and the

second equality is easily derived from Eq. 3.
∂ηlI
∂t

and
∂ηlV
∂t

are calculated

by Eq. 13 of the PF model. The values adopted for k2s lead to reasonable

climb velocities between 10−14 and 6× 10−14 m.s−1 as represented in Fig. 2.

We can also observe that the curve representing vηl as a function of k2s is

not monotonous: vηl increases for low values of k2s , reaches a maximum and

decreases at larger values of k2s .

In order to understand and validate this particular variation, we compare

the PF climb velocities with the ones obtained with an analytical solution

established in the following. First, the following relation for the climb velocity

can be deduced from Eq. 12, as shown in the Supplementary Materials:

vηl =
V K0

2X∗a20
sign(l)[

k2s
k2dislo,V + k2s

− k2s
k2dislo,I + k2s

] (17)

In which k2dislo,d is the sink strength of the dislocation defined by Eq.

S8, i.e. by the ratio between the quantity of PDs absorbed by the core
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Figure 2: Climb rate as a function of the overall sink strength k2s associated to the sur-
rounding microstructure. The analytical solution is given by Eq. 17.

∂ηld
∂t

and Dd(X̄d − Xdislo
d ) when the domain is irradiated at a uniform rate

K0. Secondly, an analytical expression of k2dislo,d taking into account elastic

effects is given by the model of Rauh and Simon [48], which considers the

dislocation as a cylinder of radius r0 and a particular boundary condition

to the calculation domain described as a cylindrical reservoir of radius R: it

sets the PD composition Xd to a particular value Xd(R) at its surface. After

calculating the amount of PDs absorbed by the dislocation Jabs
dislo,d, the Rauh

and Simon model deduces the value of k2dislo,d from the relation:

Jabs
dislo,d = k2dislo,dD

d(Xd(R)−Xdislo
d ) (18)

The resulting expression is:
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k2dislo,d
ρdislo

= z0(R) + 2
∞∑
n=1

(−1)nzn(R) (19)

with

zn(R) =
2πIn(L/2r0)In(L/2R)

In(L/2r0)Kn(L/2R)− In(L/2R)Kn(L/2r0)
, L =

µb(1 + ν)Ωd

3π(1− ν)kBT
(20)

where ρdislo is the dislocation density, µ the shear modulus and ν the

Poisson ratio. In and Kn are the modified Bessel functions of the nth order

of the first and second kind respectively. By replacing k2dislo,d by Eq. 19 in

Eq. 17, it is possible to obtain a fully analytical expression of the climb rate

as a function of k2s , which is also plotted in Fig. 2.

In the regime dominated by the dislocations (k2s << k2dislo,V, k
2
dislo,I), Eq.

17 tends to :

vηl =
V K0

2X∗a20
sign(l)k2s [

1

k2dislo,V
− 1

k2dislo,I
] (21)

The climb velocity is proportional to k2s which explains the behaviour

of the PF and analytical curves for low values of k2s . In the opposite case

of a regime dominated by the overall sink strength of the surrounding mi-

crostructure (k2s >> k2dislo,V, k
2
dislo,I), the expression of the climb velocity tends

to zero, since k2s + k2dislo,V and k2s + k2dislo,I tends to k2s in Eq. 17, which ex-

plains the behaviour of the curves for high values of k2s . As a consequence,

for intermediate values of k2s , a maximum value of vηl is reached.

A closer study of the analytical expression for the climb rate in the two

limiting cases k2s >> k2dislo,d and k2s << k2dislo,d then allows to understand
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at least qualitatively the non monotonous variation of both the PF and an-

alytical curves with k2s . However, the numerical results given by the PF

simulations and the analytical solution are quantitatively different. This is

mainly due to the fact that the model of Rauh and Simon used in the ana-

lytical solution rests in the choice of a suitable boundary condition Xd(R) at

the surface of the reservoir, whereas in the PF model, irradiation effects are

taken into account via the creation rate K0. Moreover, the Rauh and Simon

model expresses the quantity absorbed by the dislocation as a function of

(X(R)−Xdislo
d ) to deduce k2dislo,d (Eq. 18) whereas Eqs. 17 and S8 suppose

to use (X̄ − Xdislo
d ) instead. These different choices were shown to induce

significant discrepancies in the obtained values of k2dislo,d [49].

In the following, we discuss Cr segregation around the dislocation as a

function of k2s at a given dose of 0.011 dpa. PD profiles along the axis of

the dislocation dipole noted L1 in Fig. 1 are represented on Fig. 3 and are

characteristic of those observed near sinks, whether for vacancies or SIAs:

their content is very low at the cores of the dislocations and exhibit more

or less significant gradients in composition near them. The profiles shown

correspond to a quasi-permanent regime, we notice that the more the overall

sink strength of the surrounding medium increases, the more the PD average

composition decreases, which is an expected result.

This fact partly explains the difference between the atomic fraction maps

of Cr for the maximum (k2s = 5× 1015 m−2) and minimum (k2s = 1017 m−2)

value of the climb velocity, as represented in Fig. 4. It can be seen that Cr

segregation is much more spread out around the core of the dislocations in

the case of the lower value of k2s . Indeed, in this case, PDs are less absorbed
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Figure 3: PD atomic fraction profiles along the dipole axis L1 at a dose of 1.1× 10−2 dpa.

by the surrounding matrix and then present in greater quantity around the

dislocations, as already shown in Fig. 3. Cr segregation which is driven

by PDs is amplified in this case and results in diffusion boundary layers of

greater lengths, especially in the direction parallel to the Burgers vector as

shown in Fig. 5.

Moreover, the atomic fraction maps of Cr represented in Fig. 4-a) and

b) are qualitatively different. For k2s = 1017 m−2, the isoconcentration curve

at 6% of Cr is almost circular around the core of the dislocation and of

radius lower than 1 nm whereas for k2s = 5 × 1015 m−2, it exhibits two

symmetrical tails with respect to L1 which spreads over more than 2 nm

behind the core in the direction of the dislocation motion. This is related to

the difference of the climb velocity: for k2s = 5× 1015 m−2, the climb velocity

is high which corresponds to a kinetic regime where dislocations move faster

than the diffusion of the atoms which are left behind. For k2s = 1017 m−2,

the climb velocity is significantly lower which corresponds to a kinetic regime

where atoms diffuse faster than the climb velocity and have then enough time
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Figure 4: Cr atomic fraction maps at a dose of 1.1× 10−2 dpa.

to follow the dislocation in its motion. In the following, the kinetic regime in

which the climb rate is not negligible in comparison with the solute diffusion

rate will be labeled regime I, and regime II in the opposite case.

These two distinct regimes are also visible in Fig. 6 which represents

the Cr profiles along the dipole axis. For the higher values of k2s (low climb

rate), there is a Cr enrichment in the tension region of dislocations and Cr

depletion in the compression region. fluxes of Cr atoms are coupled to the

ones of PDs: Cr enrichment is due to SIAs and depletion due to vacancies

[18]. Since vacancies are attracted in the compression zone of dislocations

and expelled from the tension zone, while the opposite behavior is observed
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Figure 4: (Continued) Cr atomic fraction maps at a dose of 1.1× 10−2 dpa.

for SIAs, it results in Cr enrichment in the tension region and Cr depletion in

the compression region of dislocations. However, these arguments are valid

only in the case where the sink moves slower than the atom diffusion, which

corresponds to low climb rates. For lower values of k2s (high climb rate), there

is a significant change in the Cr profile with the presence of a bump in the

compression region instead of a depleted zone as observed in the previous

case. Plotting the Cr segregation profiles in Fig. 7 as a function of dose

provides a better understanding of the establishment of these profiles. In

fact, for both values of k2s , there is a transition between a profile depleted in

the compression region of dislocations (typical of regime II) to a profile with
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a bump in the compression region (regime I). During the loop growth, Cr

depletion in the compression region is no longer observed or very attenuated.

This can be explained by the fact that the compression region moves towards

the position where the tension region was previously during the loop growth.

As the tension region was initially enriched in Cr, this region will become

progressively depleted in Cr in order to establish the Cr segregation profile

of the compression zone. However due to the motion of dislocations, the

establishment of this Cr profile in the compression region (depletion) does

not have time to fully occur. Moreover, the bump appears sooner in the

compression zone during the establishment of the profile in the case where

the climb rate is higher, since regime I is more probable to occur in this case.

Fig. 4 shows that the peak Cr concentration is reached along L1. It then
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Figure 6: Cr atomic fraction profiles along the dipole axis L1 at a dose of 1.1× 10−2 dpa
for different values of k2s .

also appears on the profiles of Fig. 7: it increases slightly with the dose and

is higher in the case k2s = 5× 1015 m−2 than in the case k2s = 1017 m−2, with

a difference of around 3 at%. Indeed, Cr segregation is driven by PDs which

are less absorbed for the lower value of k2s . As a conclusion, Cr segregation

is stronger at low sink strengths in terms of the spread of the profiles (Fig.

4 and 5) but also in terms of the peak Cr concentration (Fig. 6 and 7).

3.3. Comparison of the simulation results with experiments

In the experimental work of [23], dislocation lines were observed by APT

in neutron irradiated Fe–5%Cr alloy and identified owing to segregation of

Cr, Si and P. Profiles of the solute excess defined as Xxcs
Cr = XCr − Xnom

Cr

through two distinct dislocation lines reveal they are asymmetrical:

(i) Cr segregation is globally clearly positive around the dislocation on a
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length of around 3 or 4 nm;
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(ii) slightly depleted zones around the dislocations of around 1 at% with

respect to Xnom
Cr can however be observed;

(iii) The maximum value Xxcs,max
Cr of Xxcs

Cr along the profile is different

for the two dislocations: Xxcs,max
Cr is about 23 at% as measured on the first

dislocation, and 10.5 at% for the second one.

Due to the choice of the technique, precise chemical data relative to Cr

segregation were obtained but some information are lacking to do a precise

comparison with the numerical results reported in this paper:

(i) the glide system and the nature (screw or edge) of the dislocations

were not determined. Rigorously, these data are needed in the model to

calculate the elastic interactions between the dislocations, the solute atoms

and the PDs (Eq. 9).

(ii) the Cr profiles have been measured along a direction perpendicular

to the dislocation lines through the cores, but its precise orientation relative

to the Burgers vector is not known. In the case of an edge dislocation,

if this direction is perpendicular to the Burgers vector (L1), the profile is

asymmetrical like in Fig. 7, with a clear segregation contrast between the

compression and dilatation zones. In the opposite case where this direction

is parallel to the Burgers vector, the profile is symmetrical like in Fig. 5.

Then, the Cr profile theoretically depends on that direction.

Concerning (ii), some indirect hints are however given in [23] to deduce

the nature of the dislocation as well as the orientation of the direction along

which the profile is measured. Indeed, a systematic shift is reported in the

experimental profiles of about 1 nm between Si and Cr segregations in the

accommodation dislocations of grain boundaries. To explain this result, the
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authors assumed that these dislocations are edge and then generate a stress

field with which solute atoms elastically interact: oversize (respectively un-

dersize) atoms segregate in the dilated (respectively compressed) part of the

edge dislocations. As Si atoms are undersize and Cr atoms oversize in Fe–Cr

alloys, the partitioning of these species in the stress field around the dislo-

cation could explain the shift observed between Cr and Si profiles provided

that the direction profile passes through both the compression and dilatation

zones like L1. The fact that the shifts around the successive accommodation

dislocation lines are observed along a direction belonging to the plane of the

grain boundary supports this hypothesis. In other words, such a shift may

be considered as an evidence of two information: the dislocation is edge and

the profile direction is L1.

Concerning the first dislocation, the same shift as in grain boundaries is

observed, then suggesting that this dislocation is edge and that the Cr profile

is measured along a direction close to L1. As a consequence, the experimental

Cr profile for the first dislocation can be compared to the simulated ones,

which are represented on Fig. 7: they are also along direction L1 and obtained

for an edge dislocation belonging to the glide system (001)[100], all the other

parameters of the model (Cr composition, temperature, flux) corresponding

to the system studied in [23].

The calculated profiles also exhibit some positively segregated zone of

around 3 nm large, in good agreement with experimental observation (i).

They also show a slightly depleted zone similar to (ii). Finally, the maximum

values of these calculated profiles are about 26 and 23 at% for respectively

k2s = 5× 1015 and k2s = 1017 m−2, leading to a maximum Cr excess Xxcs,max
Cr
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of 21 and 18 at%. These values are also very close to the one observed for the

first dislocation. However, this is not the case for the second one. As men-

tioned above, these different levels of segregation may be due to the different

natures or glide systems of the investigated dislocations. The comparison

with the numerical results suggest that the first dislocation is edge and that

the measurement direction is perpendicular to the burger vector but not for

the second one. This conclusion is supported by the fact that there is no shift

between the Cr and Si segregation for the second dislocation. We will come

back to this point in the discussion. To conclude, there is one dislocation

for which a good agreement between the simulation results and experiments

is obtained, which tends to prove the completeness of the present PF ap-

proach to grasp some essential features of radiation induced segregation near

dislocations.

4. Influence of the physical parameters on the RIS profiles

In this part, we study the effect of several physical parameters on Cr

segregation: the slip system of the edge dislocations, the relaxation volumes

of PDs and Cr and the interaction between dislocations within a STGB. This

investigation should allow to identify the important parameters but also, by

comparison with experiments, to deduce their relevant values.

4.1. Effect of the relaxation volumes and of the dislocation slip system

Fig. 8 shows the effect of the relaxation volumes of PDs on Cr segregation

for given values of the dose and k2s . In the absence of elastic interactions be-

tween PDs and dislocations ((ΩI = ΩV = 0), the cores do not move. Indeed,

there is no elastic absorption bias between vacancies and SIAs at disloca-
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tions in this case, moreover, the surrounding microstructure is considered as

an unbiased sink (k2s,I = k2s,V), PDs are then attracted in the same quantity

at steady state at the cores which implies no growth. We have already men-

tioned that the preferential attraction of SIAs and the repulsion of vacancies

in the tensile region were at the origin of the strong Cr segregation in this

zone. As such a dissymmetry of the PD profiles cannot be reproduced if we

do not take into account their relaxation volume, the Cr profile appears as

symmetrical in Fig. 8. Moreover, in this latter case, the sink is neutral and a

Cr enrichment is expected from the values of the Onsager coefficients at this

temperature and nominal composition, for which Cr migrates preferentially

through SIAs [18]. When PD relaxation volumes are taken into account,

segregation of Cr is strongly amplified by the elastic interactions between

PDs and dislocations: Xxcs,max
Cr =5 at% without elasticity vs. 20 at% with

elasticity. It is therefore required to take into account the elastic interactions

between PDs and dislocations in order to correctly reproduce the levels of

segregation obtained experimentally.

In the reference case, we have chosen to adopt the experimental values

from [45] for the relaxation volumes of PDs. The corresponding absolute

values are lower than those obtained in pure Fe [30] from ab initio simu-

lations performed with the VASP code and leading to relaxation volumes

respectively equal to ΩVASP
V = −0.3Vat and ΩVASP

I = 1.86Vat for vacancies

and SIAs. The Cr profile in the reference case is compared to the Cr pro-

file obtained with the ab initio values of the PD relaxation volumes in Fig.

9. Qualitatively, the two curves have the same shape, but quantitatively,

the differences are significant: segregation is much more pronounced with
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Xmax
Cr − Xmin

Cr =45 at% in the latter case, whereas Xmax
Cr − Xmin

Cr =21 at%

in the reference case. Indeed, since |ΩVASP
d | > |Ωref

d |, the elastic interactions

between PDs and dislocations are amplified as well as the Cr segregation

tendencies implied by them and already commented above. The effect of the

PD relaxation volumes on Cr segregation is then of the first order. Moreover,

a better agreement with experiment is obtained by adopting the experimen-

tal values of [45]. It can be concluded that the PD relaxation volumes are

overestimated numerically in [30]. In general, it is well established that DFT

methods are quite accurate in indicating the order of magnitude of point

defect formation energies (to 10-15%, say) and that point defect relaxation

volumes are generally overestimated (in absolute value), probably due to the

limited size of the DFT simulation box used for the calculations. The results

we obtained for the relaxation volume of the vacancy (roughly -0.3 Vat) are
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quite standard in comparison with the values obtained for other cubic metals

[30, 50]. The situation is probably the same for the relaxation volume of self-

interstitials, a value that is more rarely calculated. In any case, in the spirit

of our work, the values given by the ab initio calculations must be taken as

plausible indicative values, and not as precise ones.

Since the lattice parameter of Cr is quite close to that of Fe, one often

makes the approximation that Cr does not induce any distortion in the Fe

matrix, in other words, that the relaxation volume of Cr in Fe ΩCr is null, as

we assumed in the reference case. However, some studies [51] report a relax-

ation volume ΩCr of up to 0.06, which is not negligible. If we assume that

ΩCr 6= 0, it is necessary to study whether the elastic interactions between

Cr atoms and dislocations can significantly influence their segregation. This

type of interaction is conventionally known to be at the origin of the forma-

tion of Cottrell atmospheres, which illustrate equilibrium segregation. The

value of the relaxation volume being positive according to [51], this could

also explain a positive segregation of Cr in the zone in tension and negative

in the zone in compression and thus amplify the trends already observed due

to PD flux couplings. Fig. 9 shows small differences between the results

obtained for the reference case (ΩCr = 0) and for ΩCr = 0.06. We can there-

fore deduce that if ΩCr has an influence on the Cr segregation profile, it is

of the second order compared to the much larger effect of the PD relaxation

volumes. In [23], the authors could not conclude on the purely thermal or

irradiation-induced origin of the segregations of chemical species at grain

boundaries and dislocations, since no experimental data was available before

the neutron irradiation. The results of the present simulations make it pos-
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sible to conclude on this point, at least for Cr, namely that the segregations

observed are indeed mainly induced by irradiation.

We also consider in this part the effect of the slip system. For this purpose,

we change the slip system of the reference case into (110)[1̄11] also usual in

bcc, all the other parameters being kept unchanged. By comparing the Cr

profiles in this latter case with the Cr profile of the reference case in Fig. 9,

we can conclude that changing the slip system has a negligible effect.
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Figure 9: Cr atomic fraction profiles along L1 at a dose of 1.1 × 10−2 dpa and for an
overall sink strength of k2s = 5× 1015 m−2.

For completeness, the climb rate is plotted as a function of k2s for all the

cases investigated in this section in Fig. S-1 of the Supplementary Materials.

4.2. Effect of the interaction between neighboring dislocations in a STGB

In this part are presented simulated Cr segregations in a STGB described

as a stacking of edge dislocations, as represented in Fig. 1-b). The distance h
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between dislocations is set at 10 nm. All the other parameters are the same

as in the reference case, except N1 which is multiplied by 4. The simulated

Cr segregation maps and profiles are given respectively in Fig. 10 and 11 for

k2s = 1016 m−2. In the following, we only consider the internal dislocations

2 and 3 in the stack of Fig. 1-b), the outer dislocation labeled 1 being less

representative of the behavior of a dislocation inside a STGB. For the overall

sink strength k2s = 1016 m−2, the maximum Cr segregation excess Xxcs,max
Cr in

the vicinity of the dislocation cores is 15 at%, which is lower than the ones

for isolated dislocations obtained in Fig. 6 and equal to 20 at% for the same

dose and value of k2s . Indeed, the STGB configuration in comparison with

the isolated dislocation decreases the elastic field of the dislocations due to

their mutual overlap, and thus the elastic bias between vacancies and SIAs

the role of which has been shown to enhance Cr segregation.

The maximum Cr segregation excess Xxcs,max
Cr at the grain boundaries in

[23] is 7 at%, which is lower than the corresponding simulated value of 15

at%. The higher level of segregation in our simulations may be due to the

difference in the distances between dislocations: 10 nm in our simulations

vs. 5 nm experimentally. The same elastic argument mentioned above to

explain the differences between Cr segregation in the STGB configuration

and the isolated dislocation applies also here: reducing the distance between

the dislocations decreases their elastic field, and thus the elastic bias be-

tween vacancies and SIAs at the origin of Cr segregation. Unfortunately, we

were unable to further investigate the effect of a reduction in h. Indeed, in

this case, it is not possible to maintain the simultaneous presence of several

dipoles, and only one remains, the other ones progressively disappearing.
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Each dipole is submitted to antagonist driving forces: (i) the core and elastic

driving forces which tend to annihilate the dipoles to decrease the total en-

ergy of the system, (ii) the osmotic forces which tend to promote the growth

of the dipoles when more SIAs are absorbed than vacancies. When h is too

low, the core end elastic driving forces prevail on the osmotic forces, which

may be due to the fact that the width of the dislocation in the PF model is

not negligible anymore in comparison with h.
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Figure 10: Cr atomic fraction map at a STGB at a dose of 1.2 × 10−2 dpa and for an
overall sink strength of k2s = 1016 m−2.

5. Discussion

This work has shown that with identical irradiation conditions (flux,

dose), the segregation profile around the dislocation cores depends on the

local environment through the mean absorption rate k2s . In the situation

where absorption of PDs at the cores of the dislocations is strong enough
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(low values of k2s , see Fig. 2), we have shown for the Fe-Cr system that the

climb of dislocations can be fast, inducing segregation morphologies that re-

sult from the mobility of the atoms surrounding the core being lower than

that of the core of the dislocations itself. When, on the other hand, the

climb is slowed by a high mean absorption rate of the surrounding medium

(high values of k2s), then the segregation profile resembles that of immobile

dislocations. It should be noted that these results were obtained for an alloy

for which the climb is driven by the preferential absorption of interstitial

Cr atoms. The situation may be different when the segregated atoms are

preferentially transported by vacancies for instance.

The effect of the Cr relaxation volume ΩCr on the RIS profile has been

shown to be of the second order in comparison with the effect of flux coupling

with PDs. Then, the shift observed between the experimental Cr and Si

profiles in [23] can not be only explained by the attraction of undersize atoms

in the compression zone and oversize atoms in the traction zone, but also

by kinetic arguments. Recent ab initio calculations combined with the self-
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consistent mean-field method implemented in the KINECLUE code [7] allows

for the calculation of transport coefficients in ferritic Fe-X (X=Cr, Cu, Mn,

Ni, P, Si) dilute alloys [8, 9]. The results show that the positive RIS of Si

is mainly due to vacancy drag, which is opposite to the case of Cr. Then,

in the compression zone of the dislocation where vacancies are attracted, Si

segregates positively but not Cr which may explain the observed shift. If this

explanation is correct, the shift still has for origin the heterogeneous stress

field around the dislocation, and the conclusion about the orientation of the

line along which the profiles were experimentally established holds.

In [23], a high concentration level of P is reported at the dislocation

core, with an enrichment factor close to 750. However, since the relaxation

volume of P is negative (P is an undersize atom in Fe), it would be expected

from purely elastic argument that P segregates negatively in the traction

zone and positively in the compression zone. It means that the observed

P profiles can only be explained by considering the flux couplings between

P and PDs. In [52], it is shown that for both vacancies and interstitials

a strong binding energy is obtained with P leading to the formation of P-

vacancy pairs or mixed < 110 > Fe-P dumbbells. These large interactions of

phosphorus atoms with both vacancies and interstitials in the bcc Fe matrix

contribute to the enrichment of P at the dislocation core [9]. The positive

RIS of P certainly overcomes the elastic effect due to the relaxation volume

of P previously described, as suggested by the experimental observations.

This conclusion is quite similar to the one drawn for Cr, when studying the

effect of the Cr relaxation volume on the segregation profile, namely that the

RIS predominates over the solute relaxation volume effect.
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In order to represent the whole microstructure, it is possible to treat all

the sinks equivalently, namely by associating to each sink an order param-

eter and its evolution equation. Such an approach is tractable only if large

calculation domains are considered. In order to simplify the problem, the ap-

proach used in this work to represent the microstructure is hybrid. Indeed,

on one side, the dislocation dipoles are described explicitly in the domain

by the order parameter ηl, which allows to track their evolution and the Cr

segregation in their neighborhood. On the other side, the other sinks present

in the domain are not spatially described, but their influence is taken into

account through an overall and uniform sink strength in the domain. This

choice is justified by the fact that only segregation in the vicinity of the dis-

locations has to be characterized precisely in this work, not at the level of

the other sinks. In this context, the mean-field approach used to treat the

other surrounding sinks turns out to be quite simple and efficient at the same

time, and can be recommended when one type of extended defect should be

specifically studied in comparison with the other sinks.

The RIS simulations show that due to the high level of Cr segregation

reached near the dislocations, local precipitation of a new phase is expected.

It would then be interesting to incorporate radiation induced precipitation in

the model. The values of the elastic constants and relaxation volumes of PDs

adopted in the simulations correspond to pure bcc Fe. It may be questionable

since Cr composition can reach almost 30% at the cores of the dislocations

in the simulations. The addition of Cr has an impact on these quantities,

as shown in [53], in which PDs in bcc Fe, Cr and concentrated random Fe-

Cr structures are investigated using density functional theory and theory
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of elasticity in the Cr composition range between 0 and 35%. The elastic

constants depend significantly on Cr composition in this range. It is also

shown that the relaxation volume of a vacancy depends sensitively on whether

it occupies a Fe or a Cr lattice site, whereas a unique value of the vacancy

relaxation volume corresponding to Fe has been considered in our work. The

relaxation volume of a SIA depends also on the nature of the dumbbell (Fe-

Fe, Fe-Cr or Cr-Cr). Moreover, according to [53], the relaxation volumes of

PDs differ significantly in alloys containing below and above 10% at. Cr.

Future work could consist in integrating the effect of Cr on these elastic

parameters to refine RIS predictions. For example, it is possible in a PF

approach to consider non uniform elastic constants in the domain, this case

being usually referred as heterogeneous elasticity. One way to tackle this issue

is to use an iterative procedure in the Fourier space to calculate the elastic

strain [35, 36, 37]. The influence on the climb rate and the RIS prediction

of elastodiffusion, i.e the dependence of the Onsager coefficients with the

local strain, could also be investigated. Indeed, elastodiffusion may have

significant effect on the sink strength near dislocations, STGBs or interfaces

[54, 55, 56, 30].

As already emphasized in the previous sections, RIS in Fe-Cr alloys is

difficult to model because it results from a competition between the effect of

vacancies which promotes Cr depletion and the effect of SIAs which induces

Cr enrichment. Then, Cr segregation can be negative or positive, depending

on the Cr composition and temperature. Moreover, in this study, the elastic

interactions between the dislocations, PDs and solutes have been incorpo-

rated and turn out to have a significant impact on the resulting RIS. Finally,
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a mean-field approach has been used to simulate the presence of other sinks in

the surrounding environment of the dislocations. In a nutshell, due to the nu-

merous physical phenomena included in the PF formalism used in this paper

(diffusion of the PDs and the chemical species with flux coupling, disloca-

tion climb, elastic interactions, influence of the surrounding microstructure),

numerous kinetic, thermodynamic and elastic parameters must be given as

inputs to the model. Due to the approximations made, uncertainties are

obviously associated to these parameters which may accumulate and lead to

predictions which significantly deviate from the observations. Despite these

arguments, it must be mentioned that the comparison between the PF re-

sults and the experiments concerning Cr segregation at dislocations is quite

satisfactory and even beyond expectations.

6. Conclusion

In this paper, a PF approach has been used in order to predict RIS at

isolated dislocations or inside STGBs in Fe-5%Cr alloys. It allows to de-

scribe dislocation climb through the absorption/emission of both vacancies

and SIAs as required in the context of irradiated metals. To simulate RIS, the

climb model is coupled to the PD and chemical species diffusion equations in

the same PF formalism. A mean-field approach is used to consider the influ-

ence of other types of microstructural defects in the domain by associating an

overall and uniform representative sink strength to them. The parametriza-

tion of the model includes kinetic and thermodynamic quantities calculated

at the atomic scale in previous works and elastic parameters mainly obtained

experimentally. The Cr profiles simulated in this work are compared to the

experimental ones obtained by APT in neutron irradiated Fe-5%Cr alloys.
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For isolated dislocations, the agreement is satisfactory, considering the ex-

perimental uncertainty about the slip system and the orientation of the line

used to plot the segregation profiles. Concerning STGBs, the method used to

simulate them in the PF approach does not allow to numerically investigate

the low experimental distances between dislocations, which may explain the

discrepancy between the numerical and experimental results, even if they are

of the same order of magnitude. It must be emphasized that Cr segregation

is significantly affected by the climb rate in the range of realistic values inves-

tigated in this paper. With the PF method, it is possible to study separately

the influence of the following physical parameters: the relaxation volumes

of Cr and PDs and the nature of the slip system. This parametric study

reveals that elasticity impacts RIS profiles mainly through the long-range

interactions between PDs and the dislocations. As a consequence, the PDs

relaxation volumes have a much higher influence on the obtained RIS profiles

than the solute relaxation volume or the nature of the slip system. Despite

some approximations adopted in the simulations which can be alleviated in

future works, this study allows to conclude that the multiscale and multi-

physics PF approach used in this paper is capable to predict RIS even in

complicated configurations where the sink is biased and interacts with other

microstructural defects.
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