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ARTICLE INFO ABSTRACT

Keywords: Cemented carbides are widely used materials in industrial applications due to their remarkable combination of
Cemented carbides hardness and toughness. However, they are exposed to high temperatures during service leading to a reduction of
Hardness

their hardness. A common practice to damp this softening is to incorporate transition metal carbides in cemented
carbide compositions, which keeps the hardness relatively higher when temperature increases. Understanding
the underlying mechanisms of this softening is crucial for the development of cemented carbides with optimal
properties. In this work, atomic-scale mechanisms taking place during plastic deformation are analyzed and
linked to the effect that they have on the intrinsic macro-scale softening of the most common TMC used in
cemented carbides grades (TiC, ZrC, HfC, VC, NbC and TaC). The proposed model uses the generalized stacking
fault energy obtained from density functional theory calculations as an input to Peierls-Nabarro analytical
models to obtain the critically resolved shear stress needed for deformation to occur in different slip systems.
Subsequently, this information is used to predict the hardness variation across the temperature service range
experienced by cemented carbides in wear applications.

In addition to the prediction of hot-hardness for TMC, the obtained results also offer valuable insights into the
intrinsic mechanisms governing TMCs deformation. The results facilitate the identification of dominant dislo-
cation types influencing plasticity within distinct temperature regimes, define energetically favorable slip sys-
tems, and predict the brittle-ductile transition temperature in these materials. For instance, for group IV carbides
at low temperatures, the slip system with a lower GSFE is {110} < 110 > and around 30% of their melting
temperature, the GSFE of partial slip in {111} < 121 > becomes lower, changing the dominant slip mechanism
and characterizing the Brittle-Ductile transition.

Transition metal carbides
First principles
Modelling
Peierls-Nabarro

1. Introduction

Cemented carbides are widely used materials due to their remarkable
combination of hardness and toughness. When in operation, cemented
carbide components face high levels of pressures and can reach flash
temperatures as high as 1200 °C [1]. These conditions cause a reduction
in the material’s hardness, which negatively impacts its performance.
The softening of cemented carbides within the operational temperature
range is characterized by three well-defined regions with distinct me-
chanical behavior. Each region’s onset is determined by the activation of
characteristic mechanisms acting simultaneously at different
length-scales and phases. At moderately low temperatures (from room
temperature to approximately 450-500 °C) and high temperatures
(above 850 °C), relaxation mechanisms in the binder predominantly
influence the mechanical behavior of cemented carbides. In the
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intermediate temperature range, macroscopic softening is driven by
relaxation mechanisms activated within the hard phases [2]. At this
temperature range, the dislocation mobility in the carbides is activated
through a Peierls-Nabarro (P-N) mechanism, and the contribution of the
carbide’s strain on macroscopic deformation becomes significant.

The addition of transition metal carbides (TMC), known as y-car-
bides, in cemented carbide compositions has empirically proven to be
advantageous in maintaining higher hot hardness over a broader tem-
perature range. However, the precise mechanisms responsible for this
improvement remain not fully understood [3]. It can be attributed to
TMC having high intrinsic hardness that contribute positively to the hot
hardness of cemented carbides, as well as reducing the extent of
higher-scale mechanisms such as grain boundary sliding acting at higher
temperatures. To distinguish the contribution of these effects, it is
considered relevant to first accurately model the intrinsic softening of

2352-4928/© 2023 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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TMC at intermediate temperatures. The present work proposes a model
that describes the intrinsic softening of TMC present in cemented car-
bides, with a special focus on the P-N mechanism that allows carbides to
deform.

The mechanical behavior of TMC is significantly affected by tem-
perature and strain rate [4,5], and can be segmented into four stages
approximately defined by characteristic homologous temperatures of
the carbide:

e From room temperature to 0.3 times the melting temperature (Ty,)
(about 1000 K for TiC), dislocation movement is governed by their
intrinsic mobility, which is characterized by a high intrinsic lattice
friction. This means that plastic deformation requires very high
critical resolved shear stresses (CRSS) and strong thermal activation.

e From 0.3-Tp, to 0.46-T,, (about 1550 K for TiC), the thermal activa-

tion is high enough to overcome lattice friction and plastic shear is

slightly affected by temperature or strain rate. Ductility in this range
is governed by the dislocations surmounting long-range stress fields

caused by other dislocations [6].

From 0.46-Tp, to 0.66-Tp, (about 2200 K for TiC), the creep region

starts, and ductility is then governed by diffusion of the interstitial

atoms, C and/or N.

e From 0.66-Ty,, bulk diffusion of metal atoms becomes relevant and
dominates plasticity.

Multiple studies have been conducted to understand the funda-
mental mechanisms involved in the Brittle-Ductile (B-D) transition of
TMC. The main consensus is that the mechanical transition is correlated
with the activation of additional slip planes, but the specific conditions
leading to such activation remain unclear [7-14]. What is certain is that
the characteristics of the dominant slip system will strongly impact the
material’s macroscopic properties. Therefore, for the modelling efforts
presented here, a good understanding of the ruling slip systems at every
temperature range becomes essential to incorporate the B-D transition
into the current model.

TMC have a rock salt B1 crystal structure that can be considered as
two FCC interpenetrating lattices of substitutional atoms and interstitial
atoms, the former occupying the octahedral interstices. Inherent to their
crystallography, the available close packed slip direction is < 110 >in
{100}, {110} and {111} planes. The {100} < 110 >and
{110} < 170 >slip families contain 6 planes and 1 slip direction per
plane, resulting in only 2 independent slip systems. Conversely, the
{111} < 110 >slip family, contains 4 planes and 3 slip direction per
plane [15]. Despite sharing the same crystallographic symmetry and
bonding nature, group IV (TiC, ZrC, HfC) and group V (VC, NbC, TaC)
TMC present different slip behavior and therefore different mechanical
properties [16].

The first assessments of the slip systems involved in TMC plasticity
used hardness anisotropy testing (HA) to infer the dominant activated
slip systems [17-21]. These studies showed significant slip differences at
room temperature between two TMC representatives of groups IV and V
(HfC and TaC, respectively). The preferred slip system was {110} for
HfC, and {111} for TaC. This difference leads to a clear impact on the
ductility of the materials since {110} < 110 >slip systems do not have
the 5 independent slip systems needed to fulfill Von Mises Criterion, as
{111} planes do. These studies were extended to higher temperatures
[17] and activation of {111} planes in group IV carbides was then
observed.

This difference and changes in dominant slip systems are known
since the early 70s, and further micromechanical testing [22,23] or
direct transmission electron microscopy (TEM) observations [7,9,16,
23-25] have confirmed their validity. However, these studies have also
added some uncertainty since many times both slip systems are found to
be active simultaneously and occasionally even slip in the {100} plane
has been observed [23]. The diversity of observed slip systems

Materials Today Communications 37 (2023) 107454

dependent on the loading conditions (stress system, strain rate, and
plastic onset) or material stoichiometry shows the complexity of
attempting to identify empirically a single slip system ruling the plas-
ticity of TMC. Therefore, the determination of the dominant slip systems
by means of theoretical methods relying on intrinsic characteristics of
the materials structure becomes very valuable.

The use of density function theory (DFT) calculations has provided a
more accurate and fundamental understanding of slip in TMC [16,
26-28]. De Leon [16] calculated the generalized stacking fault energies
(GSFE) using DFT for {110} < 110 >and {111} < 110 >slips at 0 K,
proving that {110} slip is more energetically favorable than {111} for
group IV and group V carbides. This also results in a lower CRSS required
for slip to occur. The GSFE was systematically higher for group IV car-
bides than for their group V counterparts, partly explaining the higher
ductilities observed experimentally for group V. Further, DFT calcula-
tions showed that group V carbides have an intrinsic stacking fault (ISF)
in the {111} < 121 > slip system that allows the splitting of dislocation
into partials, making the slip through this slip system favorable despite
being energetically unfavorable with respect to {110} < 110 >slip. The
findings by De Leon highlight the second most important factor, after the
dominant slip plane, affecting the B-D transition in TMCs, namely the
slip-controlling mechanism and the dislocation character i.e.
partial-perfect or screw-edge-mixed [29].

In this work the advantages of analyzing the contribution of each slip
system using theoretical methods are highlighted and extended to
consider the effect of finite temperatures. The considered temperature
range is limited to that applicable to metal cutting or machining (up to
1450 K), thus, mechanisms acting at higher temperatures such as carbon
diffusion or metal vacancy diffusion are out of the current scope. The
sole relevant mechanism at such temperature range is the P-N mecha-
nism, which can be described by means of P-N based models. These
models consider a dislocation lying between two discrete atomic planes
that define the Peierls potential periodicity (typically a sinusoidal-like
periodic function). Above and below these facing planes, the material
is approximated as a continuum medium [30,31]. The continuous dis-
tribution of shear that this dislocation introduces in the material lattice
is known as the dislocation misfit or disregistry. The magnitude of the
distortion introduced in the perfect lattice is determined by the Burgers
vector, b, of the dislocation, being b/2 at its center. The rest of the
introduced distortion propagates along the crystal lattice in a higher or
lower extent depending on several factors including the crystal period-
icity, elastic properties or dislocation character. Usually, this disregistry
is described by a trial function that varies in complexity and that can be
physically thought of as a set of discrete partial dislocations.

The CRSS needed to move a dislocation along the P-N potential, is
then obtained by relating the energy introduced by this disregistry or
shear along the glide plane with the restoring force acting on both sides
of the interface when the dislocation slips. The simplest form to express
this balance is:

%:Co%oexp(on§> (€8]

where 7. is the shear stress at which the dislocation glides, G is the shear
modulus, § is the period of the Peierls potential, d is the spacing between
gliding planes, and A and C are constants that depend on the materials
Poisson ratio and the dislocation character (Screw/Edge, Perfect/Par-
tial) [31].

In materials such as TMC, where atomic bonding has a strong co-
valent character, dislocations do not slip as a whole from one potential
valley to the next one. Instead, they advance through kink pairs, where
first a segment of critical length jumps into the next valley due to
thermal fluctuations. And second, the rapid lateral motion of the kinks
brings the dislocation line to the next low-energy position. The dislo-
cation velocity is determined by the rate of formation of kink pairs along
straight dislocation segments lying in the Peierls potential valleys [29].
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The constitutive equation that overcomes the complexity of considering
atomistic simulations to determine the dislocation velocity was given by
Hirth and Lothe (H-L) [32] as:
abh? W
— 2
T 'eXP< kBT> 2

V=UpeTe
k

where vp is the Debye frequency, 7 is the resolved shear stress on the
dislocation, kgT are Boltzmann constant and temperature; a and h are
the lattice parameter and kink height respectively, which define the
Peierls potential periodicity; and W, is the activation-energy barrier for
kink motion.

Classical work from Hirth and Lothe [31] has suggested combining
the P-N energy balance resulting from a dislocation gliding on a given
plane; the kink-pair formalism that rules dislocation gliding kinetics;
and the Orowan relation [33] to model creep and constant strain-rate
deformation processes resulting in:

T G kgT Publplp ?

)

where 7! is the critical shear for dislocation slip at a given temperature,
Pm is the dislocation density, 4, in the mean free path of dislocations
slipping over obstacles and ¢ is the strain rate. C;, C and Cs are of high
relevance and are dependent on the slip system and dislocation char-
acter, and are defined as:
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where r is the dislocation core radius and A;and A, are geometric
constants that depend on the dislocation character defined as:

)

A =cos’f+ ?Hi/i (2]
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A = (1 +v)cos’f+ (1 — 2v)sin“f ®

1—v

where v is the Poisson ratio and g is the angle between the dislocation
line and the Burgers vector.

In this work, Eq. 3 is adapted to the particular case of TMC up to
homologous temperatures of 0.46-Tp. In Section 2, we present the
considerations taken to move from CRSS to macroscopic hardness and
we describe our approach to adapt Eq.3 to model TMC’s. The results of
the modelling scheme are described in Section 3 and are compared to
experimental data in Section 4 where also the ruling slip systems and
involved mechanisms are discussed in detail.

2. Modeling approach

In the current approach the plasticity of TMCs is predominantly
attributed to dislocation slipping and the motion of other crystal defects
such as vacancies (0D), and grain or twin boundaries (2D) are not
considered. Dislocation slip is activated (material reaches its yield point)
when the resolved shear stress (RSS) on a given plane reaches a critical
value CRSS. The RSS, 7gss, is related to the applied stress through the
Schmid’s Law [34], which decomposes a certain stress configuration
acting on a plane through the following geometric relation:

Trss = coslecosdeoc =meo, )

where o is the applied stress, 4 is the angle between the normal of the slip
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plane and the direction of the applied stress, € is the angle between the
slip direction and the applied stress direction, and m is the Schmid
factor. At this point, a good empirical relation that can be used to relate
yield stress, oy, to hardness, H, is Tabor’s relation [35], which is
expressed as

H=aeo,, (10)

where « is a constraint factor that only depends on the geometry of the
indenter. However, Tabor relation assumes a fully work hardened
isotropic material in which elastic deformation can be dismissed.
Further work [36], extended this relation to materials where elasticity
needs to be considered, such as carbides, reaching the following modi-
fied constraint factor:

2 [1 4 In(E e cos(¢) )

_2 11
a=3 Teo, , an

where E is the young modulus of the indented material and ¢ is the semi-
angle of the indenter (being 68° for Vickers testing). Therefore,
combining the modified Tabor and the Schmid equations, and using Eq.
3, the hardness can be modeled as a function of temperature for every
slip system i as (see Fig. 1):

H(T), = a; 0 <. 12)

Hardness relies on the measurement of the indent left after loading
with the indenter. Hence, the material needs to be plastically deformed
in order to leave an indentation that can be measured. Even in brittle
materials, the high hydrostatic pressures developed under the indenta-
tion inhibit the brittle failure, and hardness testing is essentially a
measure of the plastic properties of the material [37]. Because of this,
the slip systems that are considered to determine the hardness are those
fulfilling Von Misses criterion i.e., the ones belonging to the {111}
plane. For the specific case of dislocations in the {110} plane, their slip
contributes to the dislocation-dislocation interaction, but their contri-
bution to the deformation of the material can be considered negligible.
In the current approach, the contribution of each slip system causing
deformation is weighted so that the slip system with a lower CRSS
contributes to a higher extent to the deformation. For instance, if two
slip systems have the same CRSS, their contribution to the total hardness
will be equal. The chosen weighting equation can be written as:

Hror = ZH(T),' ° HH(T)j

o [TH(T), + S H(T); ¢ H(T); 13)

Fig. 1 shows the integrated workflow followed for the determination
of hardness of TMC as a function of temperature. The correct description
of the macroscopic hardness of TMC relies on the correct modeling of
mechanisms acting at lower scales, such as atomic/micro-scales, and
translating their effect to the relevant properties of polycrystalline ma-
terials. It applies for instance to the treatment of the Schmid factor, see
Fig. 1. To extrapolate low-scale results to the behavior of polycrystalline
materials, all possible combinations of relative orientation between
applied stress and the relevant slip planes are considered to occur under
indentation conditions. Based on this, and to keep the modelling simple,
a mean value for the Schmid factor is calculated and used in the same
way as a Taylor orientation factor is used when determining the yield
stress of polycrystalline materials from their CRSSs [38]. The Schmid
factor for {110} <110 >, {111} < 110 >and {111} < 121 >slip sys-
tems has been reported as a function of crystallographic orientation for
A =45° [22]. Averaging all possible orientation combinations, the
resultant m; constants are 0.24, 0.39 and 0.35 respectively for
{110} < 110 >, {111} < 110 >and {111} < 121 >.

From Eq. 12 it is thus clear that the main factor affecting the modeled
hardness is the CRSS. Fig. 1 schematically depicts how the main factors
affecting the CRSS in Eq. 3 are obtained and where in the equation are
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Fig. 1. Workflow followed for the determination of the hot hardness of carbides. (2-column fitting image).

acting. It can be observed that the main factors affecting the CRSS are
the operative slip system, the dislocation character, the elastic constants
of the material, and the experimental conditions in order of relevance. A
detailed description of how each of these factors have been considered in
the modeling of TMC’s hardness is presented in the following sections.

2.1. Slip systems

Ab initio calculations of the GSFE at 0 K along the slip directions of
TMC have proven to be a very valuable tool to explain the differences
between group IV and group V carbides [26; 16]. In these calculations, a
perfect crystal is slipped along the direction of interest, and the surplus
energy that the slipped configuration has over the perfect lattice per unit
area can be interpreted as an interfacial restoring stress. According to
Vitek [39], this restoring stress shares the same physical interpretation
as the restoring force in the P-N model. Given this relation and consid-
ering the significant effect of temperature on experimental observations,
it is of interest to investigate how the characteristic GSFE for each slip
family evolves with temperature. For such purpose, the GSFE of TiC and
VC, as representatives of group IV and group V carbides, are computed
here by means of density functional perturbation theory (DFPT) [40]
including temperature effects at harmonic level. Free energies including
phonon contributions are obtained within the framework of DFPT as
implemented in the Vienna ab initio simulation package (VASP), which
is based in the projector augmented waves approach (PAW) [41]. The
exchange-correlation functional was described using the Perdew, Burke,
and Ernzerhof (PBE) parametrization [42].

Firstly, the B1 unit cell of TiC and VC were relaxed, and the equi-
librium lattice constants of 4.34 A and 4.16 A were obtained for each
system, respectively. Secondly, the GSFE at 0 K for {111} < 121 >and
{110} < 110 >slips considering lattice relaxation effects were calcu-
lated. 15 and 10 displacement supercells were created for
{111} < 121 >and {110} < 110 >slips, respectively. Each supercell

contained 24 layers (96 atoms), and the atomic positions were relaxed
along the Z-axis by minimizing the forces to less than 0.03 eV/A on each
atom. Internal convergence parameters were carefully checked so that
total energy differences were below 107> eV. A cutoff energy of 600 eV
was used. For the GSFE calculations, a 9 x 9 x 1 with gamma-centered
scheme of k-points was used. A vacuum width of 20 A was added to
periodical slabs for all configurations (See Fig. 1). Lastly, the phonon
contribution calculation with temperatures between 0 and 1400 K was
performed using the open-source package Phonopy available in VASP
[43,44].
The total free energy at a finite temperature is calculated as:

F(T) = Ey+ F.s(T) a4

where Ey corresponds to the internal energy at 0 K, and F,3(T) is the
phonon contribution to the free energy. The GSFE or yg corresponding
to different sheared configurations along a particular direction at finite
temperature is calculated by using the following expression:

Fraae (b, T) = Fpergect (T)

A(T) as)

Vsk (b ) T) =

where Fry (b, T), Fperfeccand A(T) correspond to the free energy of the
sheared lattice, free energy of the perfect fcc structure and the area of the
supercell basal plane (slip plane), respectively. Special attention has
been given to the {111} < 121 >slip in group IV carbides, where DFT
calculations can provide valuable insights on the possibility of formation
of an ISF [26], as well as determining the temperature at which it be-
comes energetically favorable. This information can further be used in
partially explaining the B-D transition observed in the experiments [21].
As discussed above, many slip systems can coexist during a mechanical
test. For a polycrystalline material all the possible slip systems can be
activated and should be considered, depending on the orientation re-
lations. In this regard, the description of the material’s mechanical
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behavior benefits from considering a variety of dislocation types and slip
systems. Therefore, the resolved shear stresses for all dislocation char-
acters in planes {111} and {110} are calculated for group IV and V TMCs
and accounted for in the modeling of the hardness.

2.2. Dislocation character

In the current modeling approach, the dislocation character is
described through the constants Cj, Cy, and C3 in Egs. 4 to 6. On one
hand, constants A; and A, are defined based on the relative angle be-
tween the dislocation line and the burgers vector, ranging from 0° to
90°. In this work edge (90°), screw (0°) and mixed (30°, 60°) character
dislocations are considered for the entire range of temperatures and
stresses. The Burgers vector (b) and P-N energy field periodicity (h) are
directly determined from the lattice crystallography. b is calculated in
the usual way, while h is defined as the minimum value of the projection
of the lattice translation vectors on top if the slip plane to the perpen-
dicular of the dislocation line [30]. Table 1 summarizes the values ob-
tained for all dislocations considered in this study.

On the other hand, the determination of the core radius, r, does not
depend exclusively on crystallographic relations and its exact definition
is more complex. The dislocation core refers to the central region of the
dislocation line where the misalignment is the most severe, but there is
no unique way to establish where the dislocation core finishes, and the
purely elastic field starts [25,45]. Additionally, the atomic-level deter-
mination of the dislocation core structure in ceramics is computationally
very heavy, and that becomes even more complex when stoichiometry
or polymorph variants are considered [46]. Nevertheless, the calculated
values of CRSS are very sensitive to the half-width of the dislocation,
making an accurate definition of this parameter crucial. In consequence,
two different methods for defining the dislocation core radius using the
P-N model framework are evaluated and discussed here.

Both methods for defining r involve solving the P-N equation that
relates disregistry with the restoring force acting on both sides of the
slipped lattice. In both methodologies, the relation between the
restoring force and GSFE established by Vitek [39] is used. When the
change of the SFE with slip is relatively steep, the restoring forces acting
across the interface are large, which confine the dislocation core to
smaller widths. Technically, the GSFE curve obtained through ab initio
calculations is derived with respect to the displacement and made
equivalent to the restoring force. Then, a least square minimization of
the difference between the elastic resistance caused by the shear and the
recovery force is performed. In the first methodology [47], hereafter
referred to as analytical, the trial function used to describe the dis-
registry assumes that the restoring force has a sinusoidal form, and it is
mostly determined by the maximum resolved shear stress at maximum
SFE. The analytical expression for the dislocation half width (&) is:

Kb

- 1
47T ax 16

¢

On the other hand, the second methodology does not assume a purely
sinusoidal function for the restoring force and disregistry, but instead
describes them as a sine and arctan series [48] [48], further considering

Table 1
Crystallographic and dislocation character defining parameters.
Slip Plane Slip Direction Screw / Edge p b h
{110} 1= S 0° a a
) <110 > 73 3
E 90° a
2v2
{111} 1= S 0° a Véa
3 <110 > 3 4
E 90° a
2v2
1 Mix 30° a V6a
> <121 7= v>a
6 <1t~ Mix 60° V6 7
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Table 2
Elastic constants and lattice parameter as function of temperature as obtained in
Ref. [46] and Ref. [50].

G (x10% B (x10%) a (T) (m)

TiC —1.24010 5T + —2170105eT2 + 4297010 e (1 +Te
177.12 274.43 8.0010°°)

ZrC —1.31e10 5T + —181e10 572 + 4666010 e (1 +Te
164.69 229.71 7.6107°)

HfC —8.33e10%eT2 + —179¢10 572 + 4606010 e (1 +Te
178.02 259.37 7.010°°)

vC —239e10 5T + ~399e10%eT? + 4122010 e (1 +Te
205.91 324.42 8.9¢10°°)

NbC —283¢105eT? + ~1.25010°eT? + 4479010 %6 (1 + Te
197.30 298.15 7.810°°)

TaC —2620105eT2 + —272010°eT2 + 4440010 e (1 4 Te
233.67 339.09 7.50107°)

the shape of the GSFE and not only its maximum value. In the current
work, if the GSFE has a single maximum, the disregistry series function is
developed up to the third order, and for those with two maximums, sixth
order is used. In this method, hereafter referred to as Disregistry-based,
the dislocation half width is defined as half of the atomic distance over
which the disregistry changes from 1b to 2b (See Fig. 2).

In the present study, the core size (r) has been approximated to be
equivalent to the dislocation half width calculated as previously
described. Technically, the computation of the dislocation half-width
was performed using PNADIS open source software [49] and input
from ab initio GSFE taken from literature [26] and the present study.

2.3. Elastic constants and lattice parameters

The current methodology requires the elastic constants as a function
of temperature to calculate the hot hardness of the evaluated TMCs. The
shear modulus and lattice parameter for TiC, ZrC, HfC, VC and TaC are
obtained from reference [46] from ab initio molecular dynamics simu-
lations, while for NbC, they are obtained from experiments [50]. For the
extrapolation of elastic constants at temperatures higher than reported,
2-nd order polynomial fitting, imposing a null slope at T = 0 K, was
used.

Poisson ratio is calculated for each temperature using continuum

disregistry vector (b)

-2 -1.5 -1 -0.5 0 0.5 1 1.5 2
x/b

----- Screw (B=0°) Partial (B=30°) == ==~ Partial (B=60°) ——— Edge (B=90°)

Fig. 2. Disregistry vector in burgers vector units obtained from DFT GSFE
treatment for screw, 30,60 and edge dislocation for TiC in the {111} plane.
(single column fitting image).
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mechanics, leading to the following relation:

_ 3B(T) - 2G(T)

*0 = a(r)+2600) “

2.4. Experimental and material conditions

The second logarithm in Eq. 3 is shown to be dependent on the
experimental conditions, specifically the strain rate (¢) and the dislo-
cation density of the tested crystal, which determine the density of
mobile dislocations (p,,) and the mean free path between sessile dislo-
cations (4p). Since the current modeling is limited to the description of
hardness, the strain rate is considered to be restricted to that imposed by
loading conditions defined in hardness testing. Although the strain rate
along a single indentation is not uniform, it starts by having high values
and decreases gradually as the area resisting the indenter increases [51].
Nonetheless, an average indentation strain rate ranging from 107> to
1073 s7! can be calculated for Vickers tests [52]. For the specific case of
TMC, the indentation strain rate is usually considered to be closer to the
higher values [53], and therefore a strain rate of 10 3s1is adopted in
this study.

The Debye frequency for each carbide has been calculated using its
relation to the Debye temperature:
vp = IEHD, (18)

h
where, 7 is the reduced Plank constant and 6, is the Debye temperature
taken from ref. [54].

pm and A, are influenced by processing conditions, temperature,
strain level and the applied shear stress. Since the shear stress acting on
the dislocation is the desired quantity from computation, p,, and 2
cannot be known a priori. Thus, their product will be treated as a
adjusting parameter (referred to as DDL) with its value ranging within
the common values found in the specific case of TMCs inside of
cemented carbides. Based on the literature-reported values, the range of
mobile dislocation densities is expected to be between 2.29  10'® and
2.60 ¢ 10°m 2 [10,55] and 1 is assumed to be a small multiple, in the

order of 10, of the mean dislocation spacing defined as J%_ [56].

The corresponding range of DDL is then estimated from p,, reported
values to vary between 1.51 ¢ 107 and 5.1  103. The resulting adjusting
values for DDL obtained under the current modeling framework are
presented in Table 3:

3. Results and discussion
3.1. GSFE as a function of temperature

Fig. 3.a presents the computed GSFEs for TiC and slip systems
{110} < 170 >, {111} < 170 >and {111} < 121 >at 0 K and 1000 K.
Similarly, Fig. 3.b presents the corresponding GSFEs for VC. All curves
are plotted in fractional coordinates such that the coordinate is
normalized by the length of the perfect Burgers vector for slip in the
{111} < 121 >system (3a/1/6). At OK, for both
{110} < 110 >is the slip system exhibiting a lower SFE, and therefore

carbides,

Table 3

Extreme values for testing and material conditions.
Carbide P (m2) DDL (m~1)
TiC 5.0 ¢ 1012 2.210°
vC 7.0 01012 2.7 ¢10°
HfC 2.3e10'° 1.5107
VvC 3.0 102 1.7 ¢10°
NbC 9.0 ¢10'2 3.0010°
TaC 2310 1.50107
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the easiest slip system to activate. The slip system showing higher SFE is
{111} < 110 > and hence the least favourable. The slip of the crystal in
the direction characteristic to partial dislocation gliding,
{111} < 121 >, exhibits an intermediate SFE at 0 K.

As temperature increases, the magnitude of all GSFE curves de-
creases. However, the extent of this decrease varies for different slip
systems and materials. For both group IV and V carbides, the slip system
that is affected the most by the increase of temperature (in magnitude
and shape) is the slip in {111} < 121 >. The fractional coordinate /3 in
this slip system is of particular interest because, due to the symmetry of
the {111} plane, a local extremum is expected (point A in Fig. 3). For
group IV carbides (TiC), ab initio calculations considering the contri-
bution of harmonic phonons reveal an increased flatness of the SFE
curve around this coordinate with increasing temperature. However, it
is important to note that no local minimum is observed and therefore an
ISF is not generated as an effect of the temperature. This finding con-
tradicts the notion of partial splitting in group IV carbides. Nonetheless,
Fig. 3.a shows that the SFE at point A {111} < 121 >partial slip is
considerably lower than that for {111} < 110 >slip. Hence, slip motion
through Shockley partials should be favorable on the {111} plane in TiC.
In contrast, group V carbides (VC) exhibit an ISF at point A at 0 K. This
ISF promotes partial splitting and is further enhanced when the rise of
temperature deepens the SFE local minimum in point A. In the case of
VC, the ISF configuration appears to be more stable than the B1 structure
for temperatures above approximately 700 K (see Fig. 4.b). Conse-
quently, at high temperatures, the deformation of VC may be governed
by the formation of faults in conjunction with dislocation gliding. While
the exploration of this mechanism is of interest for future investigations,
it falls beyond the scope of the current research.

When analyzing point B in Fig. 3, corresponding to the fractional
coordinate %3 in {111} < 121 > slip system, it is clear how for both
carbides the stacking of two metallic atoms, one above the other, results
in very high SFE. As a result, the preferred slip should occur from point A
to point C, rather than from A to B. For the case of TiC, temperature
primarily reduces the magnitude of B while the condition of maximum is
maintained. In contrast, VC tends to form a local minimum in point B as
temperature increases. However, this minimum is surrounded by rela-
tively high local maxima, suggesting that the slip from A to C remains
preferred in VC.

The evolution with temperature of the characteristic points within
the investigated slip systems can therefore provide some approximation
on the energetically favored slip systems within different temperature
ranges. Fig. 4.a shows the evolution of the SFE for {110} < 110 >,
{111} < 110 >at half the slip, and for {111} < 121 >at point A (Fig. 3)
for TiC. As discussed, at 0 K, slip in {110} planes exhibits the lowest SFE,
but  from approximately 1000 £ 100K the SFE for
{111} < 121 >partial gliding becomes lower. This is in good agreement
with the classic mechanism considered to rule the B-D transition of TiC,
in which slip in {111} is activated on behalf of {110} slip at tempera-
tures around 1073 K [7,13,20,57,58]. Fig. 4.b presents analogous results
for VC, indicating consistently lower energy for the ISF through the
entire temperature range.

3.2. Core structure definition

A detailed study of the core structure of the strain-ruling dislocations
provides significant insights into the deformation behavior of materials.
Generally, the dislocation radius is narrower for stiffer materials and for
smaller angles between the dislocation line and the burgers vector
(screw dislocations). In the current work, dislocations have been
considered as continuum objects that can be described using the P-N
method and its subsequent model extensions.

The dislocation core radius can be determined in two ways: i) by
using the analytical form of the P-N model with the restoring force
assumed to be a sinusoidal function and ii) by approximating the dis-
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Fig. 5. Dislocation core radius normalized by the lattice parameter for all considered dislocations, defined through the analytical solution of the P-N model or
through the disregistry fitted to an arctan series of order 6. (For interpretation of the color in this figure legend, the reader is referred to the web version of this

article.) (1.5-column fitting image).

registry introduced by the dislocation by an arctan series up to an order
of 6 [59], and the radius being defined as previously described. Fig. 5
depicts the results obtained using both methodologies for all considered
TMCs at 0 K. As expected, for dislocations with the same Burgers vector,
the larger the dislocation angle, the larger the dislocation core radius.
For all group IV carbides, both methodologies lead to similar results.
Whereas in group V carbides, the second methodology results in higher
values for r. This is a direct consequence of group V carbides having a
much flatter shape of the GSFE for the perfect dislocations glide in {111}
and {110} planes, which leads to a broader spreading of the dislocation
core. Therefore, when only the maximum SFE is considered (analytical
method), the core radius is underestimated for group V carbides. Based
on these results, the parameter r used in the hardness modeling has been
defined using the values obtained from the Disregistry-based calcula-
tions. The values for r for all the considered dislocations obtained from
this analysis, normalized by the lattice parameter of each carbide, are
provided in Table 4.

Fig. 6 shows the fitted disregistries and dislocation densities,
resulting from the disregistry-based methodology, for TiC and VC as
representatives of group IV and group V carbides, respectively. The
misfit density curves obtained for TiC present a monomodal dispersion
of the misfit, indicating that none of the investigated slip systems exhibit
a clear tendency towards dissociation of perfect dislocations into par-
tials. On the other hand, {111} < 121 >dislocations in VC are found to

Table 4

dissociate into two Shockley partials, both of which are identical and
correspond to ¢ < 121 >. Furthermore, a partial splitting tendency is
also observed in the {110} < 110 >slip system for VC, where a strong
overlap of both partials is observed. This trend is expected to be
accentuated by temperature, as rising the temperature results in less
directional atomic bonding [17]. This increase of partial splitting trend
with decreasing atomic bonding directionality has been reported for
group V carbides [26,60] when the nonmetal specie is changed from C to
N. In these compounds the resultant change in valence electron charge
(from 9 to 10) decreases the atomic bonding directionality and promotes
the formation of an ISF that results in partial splitting of the dislocations
in the {110} < 110 >slip system.

The effect of temperature on dislocation splitting in TiC and VC can
be seen in Fig. 7. The results indicate that an increase in temperature
leads to modest increase of the core radius (Fig. 7.b and d), being higher
for group V carbides. A stronger effect is observed in the trend towards
partial splitting. In the case of TiC, this can be seen in the misfit density
curves of the {111} < 121 >dislocations in Fig. 7.a, which from 1000 K
converge towards two separated peaks. This further confirms the
increasing tendency of group IV carbides to deform through partial
dislocation slip at higher temperatures. In the case of VC, the disloca-
tions in {111} < 121 >are already dissociated at 0 K and the increase of
temperature just contributes to a larger separation.

Cut-off radius normalized by the lattice parameter calculated at 0 K by means of 1-D Peierls-Nabarro calculation using PNADIS software.

M(@OK)
a

Slip Plane Slip Direction Screw / Edge B TiC 7rC HfC ve NbC TaC

a1or 1o0- s 0° 0.411 0.465 0.466 0.871 0.852 0.865
2 E 90° 0535 0.588 0.628 1.143 1.108 1.101

a1 1 - s 0° 0.262 0.295 0.311 0.433 0.477 0.499
2 E 90° 0.340 0.374 0.399 0.569 0.624 0.640
1o Mix 30° 0.259 0.267 0.287 0318 0.347 0.354
6 Mix 60° 0.207 0.302 0.322 0.360 0.393 0.404
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The change of the cut-off radius for dislocations of the
{110} < 110 >, {111} < 110 >and {111} < 121 >(i.e. Fig. 7.b and.d)
slip systems with temperature have been calculated for TiC and VC and
used for the calculation of the corresponding CRSS for group IV and V
carbides respectively.

3.3. Hardness

Accurate calculation of hardness relies primarily on the correct
determination of the CRSS required to move the dislocations. Therefore,
the validation of the current model requires first to confirm that the
CRSS as a function of temperature is accurately determined. Then the
homogenous treatment of the Tabor and Schmid factors applied to the
hardness of carbides, as well as the slip systems chosen to rule this
property can be validated.

Materials Today Communications 37 (2023) 107454

The slip system experimentally determined to be governing plasticity
at homologous temperatures > 0.3-Tm is {111} < 121 >.The experi-
mental CRSSs for this slip system for TiC [58,61-63], ZrC [64] and VC
[65] are shown in Fig. 8 together with the calculated CRSS. The same
trend and order of magnitude are obtained in both the calculations and
the experimental measurements.

Fig. 9 presents the calculated hardness as a function of temperatures
for group IV and group V TMCs. The hardness decreases with temper-
ature for all carbides. The predicted values for hardness are in good
agreement with the experimental measurements for TiC, ZrC, VC, and
NbC. However, for TaC and HfC the predicted values tend to be slightly
lower than experimental values at higher temperatures. This discrep-
ancy may result from TaC and HfC being the carbides with largest
metallic atoms, which impact the atomic bonding by enhancing its
metallic character (as observed in the density of electronic states [26].
The calculated values for zcrss and, therefore, for hardness are highly
sensitive to the half width of the dislocation and to the periodicity of the
crystal in the glide direction. In the current work, the dislocation core
broadening for all carbides is for simplicity assumed to be the same as
the one determined for TiC and for VC for all carbides of group IV and V,
respectively. However, this broadening is expected to be larger the more
metallic the bonding character is, thus, if higher precision was desired,
the explicit calculation of the dislocation core properties for HfC and
TaC should be considered.

A detailed examination of the CRSS calculated for each slip system
can provide insights into the factors responsible for the softening of the
materials. Fig. 10 presents the calculated CRSS for all slip systems and
temperature ranges considered for all TMCs studied. The results show
that the CRSS required for screw dislocations to move is considerably
higher than that for edge dislocations, suggesting that most of the strain
occurs through edge dislocation gliding. In group IV carbides, screw
dislocations exhibit higher CRSS values across the entire temperature
range compared to other slip systems. Conversely, in group V carbides,
screw dislocations in the {110} planes have CRSS values in the same
range as perfect and partial glide in the {111} plane, implying a possible
source of cross-slip between these planes. This difference explains the
experimentally higher ductility observed in group V carbides.

The slip system most affected by temperature is the one constituted
by partial dislocations gliding in the {111} plane and, therefore, this is
the primary contributor to the macroscopic softening of the material.
This sharp decrease in CRSS also has a direct impact on the contribution
of this slip system to the total slip. Fig. 11 illustrates the proportion of
slip resulting from partial slip, determined using the weighting param-
eters specified in Eq. 13. The graph shows that the contribution of partial
slip increases with temperature for all carbides. At low temperatures,
Group V carbides exhibit a higher proportion of slip through perfect
dislocations than group IV carbides in the {111} plane, primarily due to
the former’s lower and flatter generalized stacking fault energy (GSFE)
curves. Within the same group, the presence of larger metallic atoms in
the lattice promotes partial splitting, as evidenced by the increasing
trends observed between TiC, ZrC, and HfC (being even more visible in
group V carbides). In both groups, the proportion of slip attributed to
partial slip becomes dominant (>0.5) from temperatures ranging from

0.2 to 0.3 Ty,. This finding is consistent with experimental observations
that report partial slip as the primary slip mechanism at high tempera-
tures. Furthermore, these results align with recent findings [86] that
employ similar modeling approaches, in conjunction with the Sachs
model, to determine the contribution of each slip system to TMC
high-temperature hardness.

3.4. Transition temperature
The precise temperature at which TMC present the B-D transition

displays a wide range in literature [7,10,11,13,20,57,58]. However, a
commonly accepted criterion is that TMCs undergo a change in their
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deformation mechanism when subjected to temperatures around 30% of assume that the material has already changed its mechanism is
their melting temperature, being the transition temperature higher the [0.35-0.5]-Tp,. This allows the B-D transition to be determined through
higher the strain rate is [20]. Considering a low temperature range far a bilinear fitting of the predicted hardness, with one fitting range being
enough from the transition point i.e. [0-0.15]-Ty, it can be assumed that [0-0.15]-Tp, and the other being [0.35-0.5]-Ty,. The intersection point
TMCs ductility is ruled by a P-N mechanism. On the other hand, at of the two trends can be considered to be the B-D transition temperature.
medium temperatures below 0.5-Ty, (when creep diffusive mechanisms The resulting construction applied to ZrC and NbC is shown in Fig. 12.b
become relevant), the materials ductility is ruled by and d, respectively. It is evident from the plots that the assumption of
dislocation-dislocation interaction. A reasonable temperature range to hardness at both temperature ranges following two well-differentiated

10
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linear trends is realistic. This bilinear intersection method will be
referred to as Method A henceforth.

The aforementioned works [20; 13; 10; 22] indicate that the acti-
vation of partial dislocations is of great significance for the B-D transi-
tion. In the case of group IV carbides, the CRSS for partial dislocation
gliding in the {111} plane exhibits lower values than for perfect dislo-
cation gliding in the {111} plane from temperatures as low as approx-
imately 200-400 K (See Fig. 10.a,b,c and Fig. 12.c). Therefore, for TiC,
ZrC and HfC, the B-D transition can be defined as the point at which
CRSS for the partials become lower than that for perfect edge dislocation
gliding on {110} planes. This intersecting point and its vicinity may be
the region where dislocation climb from {110} to {111} planes occur.
The high stacking fault energies in the carbides favor that the highly
mobile dislocations present in the {110} plane start contributing to the
slip in {111} planes, further softening the material. On the other hand,
group V carbides present very low CRSS for {110} dislocation motion.
Regarding the slip in {111} planes, the CRSS for perfect gliding is lower
than that for partial gliding for a broader temperature range than in
group IV. The B-D transition for VC, NbC and TaC can thus be defined as
the temperature at which the CRSS for partial dislocation becomes lower
than that for perfect edge dislocations in the {111} plane (See Fig. 12.e).
The determination of B-D transition temperature from these intersecting
points in the CRSS curves will be referred to as Method B.

Method B, provides a reference for the point at which both slip
systems intersect. However, the overcoming of partial dislocations is
expected to occur in a more diffuse nature in polycrystalline materials,
where grains with different Schmid factors may present the activation of
partials at a lower or higher temperature.

Fig. 12.a presents the B-D transition temperatures of all considered
TMCs as determined by both Method A and Method B. The predicted
transition temperatures were found to be in close proximity to the
0.3-Ty, threshold. Method A generally yielded transition temperatures
that were closer to the theoretical values. On the other hand, Method B
estimated the B-D transition temperatures to be close to the 0.3-Tp,
approximation for all carbides except HfC and TaC. For these carbides,
the predicted values were found to be underestimated.
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4. Model assumptions and refinement opportunities

The hardness of group IV and V TMCs have been modeled as a
function of temperature. However, the current model relies on certain
assumptions that need further discussion.

a. Previous research has emphasized the significance of surpassing the
{111} plane in relation to the {110} plane as the primary mechanism
governing the B-D transition in TMC. While this can be of huge
relevance in three-point bending or pure compression mechanical
tests, this mechanism may not be as relevant when the high hydro-
static pressures present in hardness indentation, that inhibit the
formation of cracks, are considered. Under hardness indentation
testing, this change of slip system may not be observed, and the B-D
transition is then determined by the thermal energy required to
overcome the Peierls stress [7].

The current model assumes that partial dislocation slip is active
throughout the entire temperature range for all carbide groups,
including group IV carbides, which may be surprising given that they
do not exhibit an ISF in their SFE curve at 0 K. The activation of one
slip system over the other depends on a variety of experimental
conditions beyond the strict activation energies determined from the
crystal lattice’s fundamental properties. Regarding the strain rate, in
the current model a constant value of 1072 is considered, but a
gradient is expected within a single indentation, leading to several
grades of severity in the microstructure. This difference between
ideal modelling conditions and experiments, makes that even when
not predicted from DFT calculations, the motion of partial disloca-
tions in the {111} plane is observed at temperatures as low as 77 K
for group IV carbides such as TiC or HfC [7,87,88].

Regarding the carbide’s composition, current methodology con-
siders perfect TMC crystals with a 1:1 C stoichiometry. However, it is
well known that the depletion of C in group IV TMCs reduces the
GSFE and therefore the CRSS required for slip to occur [89,90].
Nonetheless, experimental work on TMC presents some tolerance
regarding its C:M ratio. Considering that the inflection point at 1/3 of
the slip in the {111} < 121 >already has a very flat profile in DFT
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12

calculations that consider only temperature effect at the harmonic
level. Physically, it is expected that chemical variations and addi-
tional effect of inharmonicities will promote partial splitting in group
IV carbides.

In addition to the effect of under-stoichiometry, the presence of
other transition metals in the carbide lattice can also influence
dislocation splitting tendencies. For instance, TMC present in
cemented carbides are often exposed to environments rich in W. DFT
calculations have shown that the addition of V, W and Cr in order of
relevance can decrease the total GSFE for slip and, more importantly,
can cause an ISF in the GSFE curve in the {111} < 121 >slip system.
Therefore, when using models of TMC hardness to assess the intrinsic
softening of y-carbides present in cemented carbides, it is reasonable
to assume partial splitting in the {111} plane from low temperatures.
The present study employs a simplified approach to evaluate the
contribution of each slip system to the carbide’s hardness. While this
approach may oversimplify the problem at hand, the intermediate
results generated from the present methodology can be used as input
for more complex approaches such as crystal plasticity methods.
These methods enable the calculation of the specific Schmid factor
acting on each individual grain and plane with great precision.

Furthermore, the current model’s averaging nature affects the
predicted hardness by influencing the contribution of each slip sys-
tem to the total macroscopic shear. It is common practice to assume
that the slip system with the minimum shear stress exclusively
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governs the material’s mechanical behavior. However, this
assumption is also considered to be a simplification. In regions where
two slip systems have close CRSS, both slip systems can be activated.
The model’s good agreement with experimental data indicates that
considering all possible slip systems contributing to shear, while
accounting for a diffuse transition from one slip mechanism to
another rather than a sharp change, enhances the hardness
description.

c. The nucleation of kink-pairs for a dislocation to overcome a Peierls
barrier of width d involves complex kinetics, which may benefit from
a more sophisticated description. Currently, the kink-pair formalism
is used across the entire temperature range up to 0.5-Tp,, serving as
an upper limit for the dislocation mobility. This approximation is
reasonable and its effect on the predicted hardness is expected to be
subtle as the parameters affecting the dislocation kinetics are within
the logarithmic term in Eq. 3. However, for temperatures exceeding
0.3-Ty,, where the thermally activated regime terminated, similar
studies on MgO [6,91] indicate that the modeling of dislocation ki-
netics could benefit from the inclusion of Molecular Dynamics input
or more complex definitions of the dislocations motion that consider
possible backward and forward jumps.

Incorporating these additional components into the model would
further improve the description of the mobility differences that
screw, and edge dislocations exhibit in experiments, where long
screw dislocations segments are visible at relatively low tempera-
tures due to their low mobility. Edge dislocations show velocities
between one and two orders of magnitude higher than screw dislo-
cations [92]. In the present study, screw dislocations show very high
CRSS that lead to a small contribution of these dislocations to the
overall deformation. However, the physical reason for their low
contribution is a combination of their high CRSS and their low
mobility. Therefore, an improved description of this phenomenon
would enhance the physical basis of the current modeling scheme.

. The effect of experimental parameters such as the strain rate or the
dislocation density could be studied using the current model. An
increase of hardness with higher strain rates or lower dislocations
densities is expected [86]. Nonetheless, determining a specific value
for the dislocation density as a function of temperature and strain
rate proves challenging. Thus, dislocation density is adopted as a
fitting parameter. Still, the chosen dislocation density values are in
good agreement with those reported in literature where they range

13

among values of 10'2 —~8 ¢ 10'®  m~2 for TiC [57,92],9 1013 -2

for HfC [16], and 10'* m~2 for TaC and NbC [16,92].

m

5. Conclusions

In summary, a temperature-dependent Vickers hardness model was
developed for closed packed refractory metal carbides using dislocation
theory. The combination of P-N based models with DFT calculations
proved useful in predicting macroscopic properties from mechanisms
operating at lower scales. Because of this, the model not only predicts
the material properties but also provides an understanding of the un-
derlying mechanisms to a certain extent. It has been concluded that the
slip in the {111} plane primary controls the Vickers hardness across the
entire studied temperature range. At elevated temperatures, the hard-
ness of these materials sharply decreases mainly due to two comple-
mentary factors. First, the increase in temperature promotes the splitting
of perfect dislocations into partials for group IV carbides. Second, the
CRSS required to move these dislocations decreases strongly with
temperature.

This model relies on certain assumptions that make it useful for
modeling the material properties without making the modeling process
overly complex. The model could be used in good synergy with extended
models [93,94] to describe the hardness-temperature dependance of
cemented carbides. In this regard, the intrinsic softening of the hard
phases is determined with the presented methodology and the speci-
ficities on the structure-properties relation derived from having a com-
posite material are addressed with other methods. A critical point for the
implementation of such a model in cemented carbides is the demon-
stration that the same scheme can be used for WC, the main carbide used
in cemented carbides. WC possessing hexagonal-closed-packed crystal-
lography, would require an exhaustive study of the relevant slip systems
involved in its deformation.

Moreover, the proposed scheme can also be used in further complex
modeling schemes, e.g., crystal plasticity modelling, that cover some of
the assumptions made. The presented work can also be a base to include
further parameters into the modeling of TMC mechanical properties
such as the effect of substitutional dopants in high entropy alloys or
more complex carbides or consider the effect of C vacancies (sub-stoi-
chiometry or the carbides). In order to do so, recently reported first
principles calculations of the SFE as a function of these parameters could
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be included [89; 28]. In summary, this study offers valuable insights that
can guide cemented carbide industry towards designing materials with a
closer predictability in properties under service conditions.
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