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A B S T R A C T   

All-polyamide composites containing up to 30 vol% highly dispersed PPTA nanofibrils with diameters in the 
range 50–500 nm were prepared by melt-compounding polyamide 6,10 (PA610) with chopped poly(p-phenylene 
terephthalamide) (PPTA) fibers in the temperature range 260–300 ◦C using a twin-screw extruder. Injection 
moldings prepared from these composites showed not only large increases in tensile strength with respect to the 
unmodified PA610 matrix at temperatures well below the matrix melting point but also significant increases in 
melt elasticity. The melt elasticity was further enhanced by high-temperature heat treatments under quiescent 
conditions. It is suggested that the implied interfacial reinforcement may involve transamidation, which is 
known to occur extensively in polyamide melts.   

1. Introduction 

Glass and carbon fiber-reinforced plastic components are widely 
employed in lightweight structures, notably in the aerospace and auto-
motive industries, thanks in large part to their high specific strength and 
stiffness, corrosion resistance, ease of processing, and design flexibility 
[1]. Thermoplastics reinforced with high-performance organic fibers 
composed of ultra-oriented rigid-chain polymers, such as poly(p-phe-
nylene terephthalamide) (PPTA), may combine many of the benefits of 
conventional glass or carbon fiber-reinforced plastics with additional 
advantages, such as improved damage tolerance and reduced density 
[2]. However, PPTA fibers adhere poorly to most thermoplastics [3,4], 
and their low resistance to cleavage along the fiber axis severely limits 
their compressive strength [5]. Moreover, excessive mechanical degra-
dation during melt processing of short PPTA fiber-reinforced composites 
may lead to far less reinforcement than would be expected for the virgin 

fibers based on standard micromechanical models [6]. 
The tendency of ultra-oriented rigid-chain polymer fibers to cleave 

along their axes is nevertheless exploited in the use of mechanical 
milling to produce microfibrillar materials from, e.g., aromatic poly-
amides or cellulose. These materials typically contain a significant 
proportion of “nanofibrils” with diameters as low as 10–100 nm, which 
have enormous potential as reinforcing elements thanks to not only their 
high specific axial stiffness and strength, but also their ultra-high aspect 
ratios compared with the parent fibers [7,8]. Microfibrillar PPTA pro-
duced in this way, commonly referred to as PPTA pulp, is hence highly 
effective in improving the abrasion resistance, toughness, and strength 
of thermoplastics and elastomers, provided the fibrils are adequately 
dispersed [9,10]. However, the high specific surface areas and strong 
interfibrillar interactions associated with microfibrillar materials make 
them difficult to disperse using conventional mixing techniques in 
polymer matrices with which they are weakly compatible. Model 
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systems based on pre-formed micro-/nanofibrils are hence often pre-
pared using ad hoc techniques involving surface modification and/or 
solvent-aided dispersion, resulting in networks of highly interconnected 
curvilinear inclusions in the resulting nanocomposites [11]. In the case 
of PPTA pulp, dispersion is facilitated by using compatibilizers that react 
with free amine groups at the fibril surfaces generated by hydrolysis, 
plasma treatment, fluorination, or oxyfluorination [12]. However, such 
treatments are costly and may cause unacceptable degradation of the 
fibril properties [13]. It is consequently of particular interest to combine 
unmodified PPTA pulp with chemically similar thermoplastic polyamide 
matrices with which it has stronger intrinsic interfacial interactions 
[14–16], but the emphasis has so far been on polyamides with relatively 
low PPTA pulp contents and improvements in tribological properties 
[17,18]. 

An alternative route to microfibrillar polymer-polymer composites is 
to generate the reinforcing elements in situ by “converting instead of 
adding” them [19]. This may be achieved, e.g., by flow-induced elonga-
tion and orientation of a low viscosity minority component of an immis-
cible blend, as in the preparation of microfibrillar polystyrene-polyamide 
6 composites by reactive extrusion of polystyrene blended with ε-capro-
lactam, which forms polyamide 6 in situ by anionic ring-opening poly-
merization (AROP) [20]. Indeed, AROP of lactams and its variants have 
also been used to produce a range of all-polyamide and single-polyamide 
composites [21–23]. In the case of thermoplastic polyamide and polyester 
blends, transamidation and transesterification reactions between the 
different components are expected to play an important role in the sta-
bilization of the final morphology [24,25]. Transamidation catalysts have 
also been shown to improve the properties of all-polyamide composites 
prepared from pre-formed reinforcing elements that remain at least partly 
solid during processing [26]. Rapid, extensive transamidation is never-
theless known to take place without the need for catalysts during extru-
sion compounding of aliphatic polyamides with compatible semiaromatic 
copolyamides at sufficiently high temperatures [27], leading to homo-
geneous terpolymers with unique combinations of strength, stiffness, and 
ductility [28,29]. Moreover, it has been recently demonstrated that 
transamidation may lead to covalent bonding between 
aminopropyl-functionalized poly(dimethylsiloxane) and a solid semi-
aromatic polyamide (poly(hexamethylene terephthalamide-co- 
isophthalamide) substrate [30]. It follows that transamidation during 
high-temperature extrusion compounding of aliphatic polyamides and 
solid fibers composed of fully aromatic polyamides such as PPTA, may 

contribute significantly to interfacial interactions, particularly if it is 
accompanied by mechanical break-up of the fibers. PPTA fibers are widely 
considered to consist of bundles of aligned crystalline nanofibrils with 
high degrees of axial molecular orientation [31–34], separated in the 
lateral and axial directions by less ordered regions containing defects that 
may originate from chemical impurities or local concentrations of chain 
ends and constitute some 20–25 % of the total fiber volume [31–36]. If 
transamidation does occur at the PPTA-matrix interface, it is expected to 
be substantially accelerated if the mobile functional groups associated 
with such regions are exposed to the reactive melt [35,36]. 

Here we provide an account of the morphology and mechanical 
properties of well-dispersed, all-polyamide, nanofibrillar composites 
prepared by mechanical break-up and dispersion of unmodified, chop-
ped PPTA fibers in an aliphatic polyamide, poly(hexamethylene seba-
camide), also known as polyamide 6,10 (PA610), in situ during high- 
temperature extrusion compounding (Fig. 1), an approach that has 
been used recently to prepare cellulose-based fibrillar biocomposites 
[37]. Injection moldings of the present all-polyamide composites show 
large increases in tensile strength in the sold state, and significant melt 
elasticity at test temperatures above the melting point of the unmodified 
PA610 matrix, which point to the formation of a mechanically perco-
lating network of PPTA fibrils. Moreover, the melt elasticity is reinforced 
by prolonged exposure to elevated temperatures in the quiescent state, 
suggesting enhanced interactions between the PPTA fibrils and/or the 
PPTA and the matrix, possibly involving transamidation, which may 
consequently also contribute to stabilization of the PPTA dispersion 
during compounding. High-temperature extrusion compounding of 
polyamides with high-melting point polyamide fibers is hence shown to 
be a straightforward route to lightweight, heat-resistant, melt-process-
able nanofibrillar composites with significantly enhanced tensile prop-
erties compared with the unmodified matrix. 

2. Experimental 

2.1. Melt compounding of polyamide composites 

The polyamides used in this work were provided by EMS Chemie AG 
and stored under vacuum for at least 48 h before processing. PA610 
(number average molecular weight, Mn = 16′000, weight average mo-
lecular weight, Mw = 32′000) was melt compounded with chopped PPTA 
fibers of initial length 6 mm and diameter 12 μm in a co-rotating twin- 

Fig. 1. a) Poly(p-phenylene terephthalamide (PPTA) fibers are widely considered to consist of bundles of aligned crystalline nanofibrils with high degrees of axial 
molecular orientation [31–34]. These are separated in the lateral and axial directions by less ordered regions containing defects that may originate from chemical 
impurities or local concentrations of chain ends and constitute some 20–25 % of the total fiber volume [31–36]. b) The PPTA fibers break up to form a network of 
nanofibrils in situ during melt-compounding with an aliphatic thermoplastic polyamide, poly(hexamethylene sebacamide) (PA610). c) Increased specific physical and 
chemical interfacial interactions, including covalent bond formation via transamidation, may contribute to increases in melt elasticity observed after 
high-temperature heat treatments, and hence to stabilization of the fibril dispersion in the polyamide matrix during compounding. 
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screw micro-compounder (DSM Micro 5), equipped with a back-flow 
channel to permit control of the residence time. The barrel tempera-
ture was set to between 260 and 300 ◦C, as required, and the polymer 
and fibers were compounded for various times at a screw speed of 100 
rpm. The molten extrudate was then transferred directly to a DSM micro- 
injection molding machine and injection molded to give dog bone- 
shaped tensile test bars with gauge dimensions 2 × 4 × 30 mm3 

(thickness × width × length). The cylinder and mold temperatures were 
260 and 130 ◦C, respectively, and the injection pressure was 6 bars. The 
test bars were dried under vacuum for 1 h at 180 ◦C (well above the 
matrix glass transition temperature, Tg, which is about 50 ◦C for dry 
PA610) and stored at room temperature under vacuum before further 
testing and analysis. 

2.2. Mechanical testing (UTS) 

The tensile test bars were tested using a universal testing machine 
(Walter + Bai UTM) at a nominal strain rate of 10 %/min. The strain was 
measured using a clip-on extensometer over an initial specimen length 
of 20 mm. A minimum of 5 specimens were tested for each composition 
and set of processing conditions. The Young’s modulus was determined 
from the slope of the nominal stress-strain curve in the linear elastic 
regime, i.e., at strains below 1 %. 

2.3. Differential scanning calorimetry (DSC) 

DSC measurements (TA Instruments Q100) were performed under 
nitrogen (50 mL/min) using specimen masses of about 5 mg and a 
scanning rate of 10 ◦C/min. The melting point, Tm, was taken to be the 
temperature corresponding to the maximum in the melting endotherm, 
and the crystallization temperature, Tc, was taken to be the temperature 
corresponding to the maximum in the crystallization exotherm observed 
during cooling from temperatures above Tm. 

2.4. Dynamic mechanical analysis (DMA) 

The dynamic mechanical properties were characterized using a dy-
namic mechanical analyzer (DMA, Q800 TA Instruments) in tensile 
mode on injection molded rectangular test bars with approximate di-
mensions 1 × 2 × 10 mm3 (thickness × width × length). The mea-
surements were performed in the linear viscoelastic regime at a constant 
frequency of 1 Hz in the temperature range 25–110 ◦C with a heating 
rate of 3 ◦C/min. 

2.5. Heat deflection temperature (HDT) 

The heat deflection temperature (HDT) was defined as the temper-
ature at which a loading-point deflection of 0.3 mm was observed at a 
flexural stress of 0.455 MPa in three-point bend tests on rectangular test 
bars with approximate dimensions 2 × 4 × 75 mm3 (thickness × width 
× length) machined from the injection molded tensile test bars. The 
three-point bend tests were carried out using the same dynamic me-
chanical analyzer as for the DMA measurements, with the specimen in 
the flat-on position, and roller supports with a span of 50 mm. The 
temperature was increased from room temperature to 450 ◦C at 3 ◦C/ 
min. The HDT defined in this way was therefore consistent with ISO 75 
Method B, with the deflection adjusted to compensate the non-standard 
specimen geometry used here. 

2.6. Small- and wide-angle X-ray scattering (SAXS/WAXS) 

2D small-angle X-ray scattering (SAXS) and wide-angle X-ray scat-
tering (WAXS) measurements were performed with a Xeuss 2.0 instru-
ment (Xenocs) using Cu Kα radiation (wavelength, λ = 1.5406 Å) and 
point collimation. The sample to detector distance, which was about 18 
cm for WAXS and 150 cm for SAXS, was calibrated using silver behenate 

as a standard. The data were recorded in transmission mode with a beam 
area of 500 × 500 μm2 and a 2D Pilatus 200k detector, and standard 
corrections were applied prior to analysis. The intensity profiles were 
obtained by azimuthal integration of the 2D patterns using the fit2D 
software. The crystalline and amorphous contributions to the WAXS 
patterns were deconvoluted using Lorentzian and Gaussian functions 
respectively, while broad Bragg peaks observed at small angles were 
assumed to be due to the quasi-periodic stacking of alternating crystal-
line and amorphous lamellae. 

WAXS data at different temperatures were obtained using a Pan-
alytical Empyrean diffractometer equipped with a Pixcel 1D detector 
and chopped specimens loaded into a 1 mm Quartz capillary, which was 
rotated during data collection. The initial measurements at 30 and 50 ◦C 
resulted in comparatively high intensities because they were carried out 
with a 10 mm beam mask. However, the mask size was reduced to about 
7 mm for measurements at and above 75 ◦C using lead tape, to ensure 
that the signal originated from well within the heated area of the 
specimen, assumed to be commensurate with the diameter of the 
modified nozzle of the Leister heat blower used to control the temper-
ature (about 10 mm). The measurements were performed in steps of 
0.055◦ with a total acquisition time of 25 min per pattern in the 2 θ range 
8–32◦. 

Crystallographic textures were characterized using the Herman’s 
orientation function [38,39], 

〈P2〉=
1
2
(
3〈cos2 φ〉 − 1

)
, (1) 

the average value of the second order Legendre polynomial in cos φ, 
where φ is the angle between a given diffraction plane normal and the 
fiber axis. 〈P2〉 = 1 for perfect alignment of the plane normal with the 
fiber axis, 〈P2〉 = 0 for random orientation, and 〈P2〉 = − 0.5 if the plane 
normals are randomly oriented in the plane perpendicular to the fiber 
axis. For a semicrystalline specimen with a transversely isotropic crys-
tallographic texture, 〈P2〉hkl may be obtained from the variation in in-
tensity with azimuthal scattering angle, χ, of the corresponding Debye 
ring in a two-dimensional WAXS pattern with the X-ray beam perpen-
dicular to the fiber axis, using [38] 

〈P2〉hkl =
1
2

(

3
∫ π/2

0 Ihkl(χ)cos2 χ sin χdχ
∫ π/2

0 Ihkl(χ)sin χdχ
− 1

)

(2)  

2.7. Scanning electron microscopy (SEM) 

Fracture surfaces from tensile specimens were observed using a Zeiss 
GeminiSEM 300 electron scanning microscope (SEM) equipped with a 
field emission gun and an in-lens detector. The acceleration voltage was 
3 kV and specimens were coated with carbon to prevent excessive 
charging during electron irradiation. 

2.8. Transmission electron microscopy (TEM) 

200 nm thick longitudinal and cross sections were prepared from the 
dog bone-shaped specimens at − 50 ◦C with a cutting speed of 1 s− 1 using 
a Leica Microsystems EM UC7/FC7 Cryo-ultra-microtome equipped with 
a Diatome diamond knife. The sections were picked up on carbon 
covered copper grids, briefly heat treated at about 200 ◦C under nitrogen 
in a differential scanning calorimetry (DSC) cell to enhance the mass- 
thickness contrast, and observed in bright field using a Talos F200S 
G2 (ThermoFischer Scientific) transmission electron microscope (TEM) 
with an accelerating voltage of 200 kV. 

3. Results and discussion 

3.1. Morphology 

PA610 was melt compounded with PPTA fibers at temperatures well 
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above the PA610 melting point, Tm, which is typically 225–230 ◦C, 
depending on its thermal history. In contrast with the brittle failure of 
glass or carbon fibers subject to high shear forces during extrusion [40], 
the PPTA fibers not only broke up into shorter lengths after short resi-
dence times under these conditions, but also cleaved parallel to their 
axes to form high-aspect-ratio fibrils with sub-micron diameters (Fig. 2, 
Fig. 3, Figure S1) [6,31–34]. The volume fraction of fibrillated material 
was estimated from the area fraction of the remaining un-fibrillated 
fiber fragments, which were clearly distinguishable in optical micro-
graphs (Fig. 2). The volume fraction of fibrillated material increased 
with increasing residence time in the extruder for a given barrel tem-
perature, decreased slightly for a given residence time as the extrusion 
temperature was increased from 260 to 300 ◦C, and increased with 
increasing PPTA fiber content under fixed extrusion conditions. These 
trends may be attributed to increased shear forces on the fibers at high 
PPTA contents and reduced extrusion temperatures [37]. At PPTA 
contents below 15 vol%, the fibers broke up into lengths of the order of 
50 μm with diameters generally comparable with the initial fiber 
diameter, although some fibrillated material was visible in tensile 
fracture surfaces (Fig. 2a,b). However, as the PPTA content was 

increased to 22.5 vol% or more, the degree of fibrillation approached 90 
vol% after a residence time of 10 min at 280 ◦C, and the fibrillated 
material was homogeneously dispersed in the PA610 matrix (Fig. 2c). 
Dissolution of the PA610 in formic acid confirmed the fibrils and any 
remaining un-fibrillated PPTA fragments to form a continuous 
self-supporting network at PPTA under these conditions (Fig. 2d,e). 

Transmission electron microscopy (TEM) of heat-treated ultrathin 
cross-sections from the moldings showed the fibril diameters to be in the 
range 50–500 nm, i.e., a predominantly nanofibrillar morphology 
(Fig. 3). The number average circle-equivalent diameters of the fibril 
cross-sections were estimated from the TEM micrographs to be 256, 218 
and 238 nm for 7.5, 15 and 22.5 vol% PPTA, respectively. The corre-
sponding area-weighted diameters were 363, 350 and 475 nm, sug-
gesting the dispersity of the fibrils to increase somewhat at the highest 
PPTA volume fraction, but the morphology otherwise to remain stable 
under the processing conditions in question. 

TEM micrographs from specimens with low fibril volume fractions 
(Fig. 3b) also indicated the PA610 lamellae to radiate from the surfaces 
of the nanofibrils, consistent with observations of enhanced nucleation 
at the fiber surfaces in conventional PPTA-reinforced polyamides 

Fig. 2. a-c) Scanning electron microscopy (SEM) micrographs of room temperature tensile fracture surfaces (strain rate 10 %/min) from injection moldings of a) 
PA610–7.5 vol% PPTA, b) PA610-15 vol% PPTA and c) PA610–22.5 vol% PPTA extrusion compounded at 280 ◦C for 10 min. d,e) Bright field transmitted light optical 
micrograph (OM) of d) the as-received chopped PPTA fibers and e) the continuous network obtained after dissolution in formic acid of the PA610 matrix of PA610- 
15 vol% PPTA extrusion compounded at 280 ◦C for 10 min. f,g) Phase contrast transmitted light OM of microtomed sections from injection moldings of PA610-15 vol 
% PPTA extrusion compounded at 280 ◦C for f) 5 min and g) 20 min, containing approximately 7.5 and 10 vol% fibrillated PPTA, respectively. h-j) Degree of 
fibrillation as a function of h) residence time during extrusion compounding of PA610-15 vol% PPTA at 260 ◦C, i) temperature for PA610-15 vol% PPTA extrusion 
compounded for 10 min, and j) PPTA volume fraction for PA610-PPTA extrusion compounded for 10 min at 280 ◦C. The degree of fibrillation of the PPTA is defined 
as (1 – fcomp)/finit, where finit is the nominal PPTA volume fraction and fcomp is the volume fraction of un-fibrillated PPTA after extrusion compounding, estimated 
from reflected light OM of internal surfaces from the moldings prepared by ultramicrotomy that intercepted at least 20 un-fibrillated PPTA fiber fragments. The 
experimental error was estimated by comparing measurements from different regions of selected specimens. 
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[41–44], as well as other types of all-polyamide composite [22], so that 
the resulting transcrystalline layers impinged under the present pro-
cessing conditions. The nucleating effect of the PPTA fibrils on the 
crystallization kinetics of the bulk specimens was reflected by: (i) in-
creases in Tc, the peak temperature of the PA610 crystallization exo-
therm in differential scanning calorimetry (DSC) cooling scans at 
10 ◦C/min, and increases in the degrees of crystallinity, χ, of the PA610, 
estimated from the enthalpy of crystallization, assuming a value of 197 
J/g for fully crystalline PA610 [45] (Fig. 4a); (ii) decreases in the 
crystallization half-time, τ1/2, during isothermal crystallization from the 
melt (Fig. 4b). However, there was little further evolution in Tc and χ at 
PPTA contents beyond 15 vol%, implying the nucleating effect to satu-
rate in this composition range for high degrees of fibrillation. Moreover, 
lower χ and Tc were observed for short residence times and reduced 
degrees of fibrillation at fixed PPTA content (Figure S2), confirming 
nucleation to be strongly dependent on break-up of the PPTA fibers. 

Wide-angle X-ray diffraction (WAXD) indicated the dominant crys-
talline phase in the PA610 matrix to be the usual triclinic α-structure, 
comprising sheets of hydrogen-bonded chains in the all-trans confor-
mation aligned with the c-axis, with the sheets stacked normal to the 
(010) planes in the standard representation of the unit cell [46]. A 
reversible Brill transition was also observed as the temperature 
increased from 23 ◦C to Tm, marked by convergence of the d100 and 
d010/110 peaks (Fig. 4c,d, Figure S3), a phenomenon usually ascribed to 
conformational disorder of the crystalline aliphatic segments [47]. Once 
the PA610 had melted, Bragg peaks associated with the monoclinic 
structure of the PPTA fibrils could be resolved unambiguously at tem-
peratures up to the onset of their decomposition at 500–580 ◦C [48] 

(Figure S4). The corresponding dhk0 spacings increased somewhat with 
further increases in temperature owing to thermal expansion [49], and 
there was also a small increase in the PPTA crystallinity index (Fig. 4d), 
defined as the ratio of the deconvoluted PPTA crystalline peak areas to 
the total area under the WAXD pattern (Figure S5), consistent with the 
increase in PPTA crystal perfection widely observed during 
high-temperature heat treatments [50]. The implied thermal stability of 
the microfibrillar PPTA was hence considerably greater than that of 
many ultra-oriented microfibrillar organic reinforcements currently 
used to modify the elastic properties of polymers in the glassy and 
rubbery states, including thermotropic liquid crystalline polymers, 
which typically soften at around 250 ◦C [51], and various forms of 
cellulose, which decompose at temperatures above about 230 ◦C [52]. 
The PA610 matrix was also found to undergo only minor mass loss at 
temperatures up to about 400 ◦C, suggesting there to be little effective 
degradation during processing (Fig. 4c). Indeed, PA610 has been shown 
previously to conserve its initial molar mass distribution during pro-
longed extrusion at temperatures of up to 330 ◦C despite the onset of 
rapid transamidation in this temperature range [27]. 

TEM images of transverse and longitudinal sections from the injec-
tion moldings showed preferential orientation of the PPTA fibrils along 
the specimen axes at all PPTA contents, although the fibrils adopted 
curvilinear trajectories at the μm scale (Fig. 5a). This orientation could 
not be quantified by 2D-WAXD because in situ measurements were not 
possible in the temperature range where the main PPTA Bragg re-
flections were clearly visible. However, equatorial, or near-equatorial 
maxima in the intensity of the PA610 (100) reflections were observed 
at 21 ◦C, while the intensity of the corresponding (002) reflections 

Fig. 3. TEM images of heat-treated ultrathin cross-sections taken transverse to the axis of injection moldings of a) PA610, b) PA610–7.5 vol% PPTA, c) PA610-15 vol 
% PPTA and d) PA610–22.5 vol% PPTA extrusion compounded at 260 ◦C for 10 min showing fibrillation and extensive matrix transcrystallinity in the presence of 
the PPTA. 
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reached a maximum in the meridional or near-meridional positions 
(Fig. 5b, Figure S6). There was hence preferential orientation of the c*- 
axes of the PA610 reciprocal lattice along the specimen axes, and 
transverse orientation of the a*-axes, which correspond roughly to the 
lamellar trajectories [53]. Similarly, 2D-SAXS patterns showed marked 
meridional scattering associated with the lamellar long period, con-
firming the lamellae to be preferentially oriented transverse to the 
specimen axes (Fig. 5c, Figure S7), consistent with the observed pref-
erential alignment of the PPTA parallel to the flow direction and the 
observed matrix transcrystallinity. The extent of this orientation 
nevertheless remained modest at all PPTA contents, as reflected by the 
Herman’s orientation functions, 〈P2〉002 and 〈P2〉100 (Fig. 5d) [38,39]. 

3.2. Mechanical properties 

In the absence of PPTA, the tensile storage modulus, E′, obtained 
from dynamic mechanical analysis (DMA) heating scans of the PA610 
injection moldings showed a low-temperature glassy plateau at 
approximately 1.9 GPa and then decreased by about an order of 
magnitude in the glass transition zone, which was centered on 70 ◦C. A 
second plateau, corresponding to the “rubbery” regime, extended from 
the glass transition zone up to the melting transition at around 225 ◦C, 
beyond which E′ was too small to be measured (Fig. 6a). As expected, the 
presence of the fibrillated PPTA led to global stiffness reinforcement 
consistent with those reported previously for cellulose-based nano-
fibrillar composites with comparable degrees of dispersion [52,54]. 
However, while E′ measured at 21 ◦C increased from 1.9 to only about 
2.5 GPa between 0 and 15 vol% PPTA, it nearly doubled as the PPTA 
content was increased further to 30 vol% (Fig. 6b). Moreover, E′ well in 
excess of 1 MPa were observed at temperatures above Tm for PPTA 
contents of 15 vol% or more. Indeed, E′ increased substantially in this 
composition range on heating at 3 ◦C/min from about 240 to 400 ◦C, this 

latter temperature corresponding to the onset of significant matrix 
degradation according to the TGA measurements (Fig. 4c). 

Given the absence of large increases in the matrix or fiber orientation 
with PPTA content in the range considered, the enhanced stiffness 
reinforcement observed at PPTA contents above 15 vol% was attributed 
to increased fibrillation (Fig. 2) and the establishment of a load-bearing, 
mechanically-percolating network involving the PPTA fibrils. Stress 
transfer via such a network would imply break down of the usual 
assumption of constant stress conditions (the Reuss limit) in models for 
the low-strain elastic response of non-interacting curvilinear reinforcing 
elements [55], leading to an increase in stress at a given strain with 
respect to the predictions of such models. It would also account for the 
significant elasticity observed at temperatures well above Tm. The 
importance of percolating mechanical contacts for reinforcement has 
been demonstrated previously for solution-processed composites con-
taining networks of nanofibrillar cellulose or highly exfoliated clay 
platelets, which are permanently disrupted by large deformations in the 
melt state, resulting in a substantial loss in stiffness [56,57]. In the 
present case, however, the putative network was formed in situ during 
melt extrusion and remained effective after injection molding, implying 
the fiber-fiber interactions to be reversible with respect to mechanical 
deformation at high temperatures. 

The increases in E’ with increasing PPTA content below Tm were 
reflected by similar increases in the quasi-static Young’s moduli, E, 
determined from tensile tests. These were accompanied by substantial 
increases in tensile strength, i.e., the maximum nominal stress, σmax, 
reached during the test, which were associated with a progressive 
decrease in the strain at failure, εmax, in both the glassy and rubbery 
states (Fig. 7, Table 1). The improved tensile strength was a consequence 
of not only an increase in the yield stress, σy, but also the onset of marked 
strain-hardening beyond the yield stress as the PPTA content increased, 
so that the yield stress was no longer clearly defined at the highest PPTA 
contents. This again strongly suggested that the PPTA fibrils formed, or 

Fig. 4. a) Crystallization temperature and degree of crystallinity of the PA610 from DSC cooling scans at 10 ◦C/min as a function of PPTA content. b) Crystallization 
half-times, τ1/2, during isothermal crystallization from the melt for PA610 and PA610-15 vol% PPTA. c) DSC heating scan at 10 ◦C/min from PA610-15 vol% PPTA 
and thermogravimetric analysis (TGA) mass loss from PA610-15 vol% PPTA, indicating matrix decomposition from about 400 ◦C and decomposition of the PPTA from 
500 ◦C. d) WAXD crystallinity index and PA610 and PPTA d-spacings in PA610-15 vol% PPTA as a function of temperature. All the specimens were extrusion 
compounded at 260 ◦C for 10 min, and examples of the deconvolution of the WAXD peaks are given in Figure S5. 
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Fig. 5. a) TEM image of a thin section taken parallel to the axis of an injection molding of PA610-15 vol% PPTA extrusion compounded at 260 ◦C for 10 min, showing 
fibril orientation along the injection axis (cf. Fig. 3c). b) 2D-WAXD and c) 2D-SAXS patterns from PA610-15 vol% PPTA. The injection direction is indicated by the red 
arrow in each case. d) Herman’s orientation functions 〈P2〉002 and 〈P2〉100 from injection moldings with the different PPTA contents extrusion compounded at 260 ◦C 
for 10 min showing preferential orientation of the (002) plane normals parallel to the specimen axis and of the (100) plane normals transverse to the specimen axis 
(〈P2〉 = 1 corresponds to perfect alignment parallel with the specimen axis and 〈P2〉 = − 0.5 corresponds to random alignment in the plane transverse to the specimen 
axis [38,39]). (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article.) 

Fig. 6. a) Tensile storage modulus, E’, as a function of temperature from dynamic mechanical analysis (DMA) heating scans at a frequency of 1 Hz for the different 
PPTA contents indicated. b) E’ as a function of PPTA content at temperatures of 23 ◦C (glassy), 150 ◦C (rubbery) and 380 ◦C (molten). All the results shown were 
obtained from injection moldings of composites extrusion compounded at 260 ◦C for 10 min. 
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participated in a mechanically percolating network at sufficiently high 
concentrations. 

To investigate network formation further, representative microfi-
brillar composites containing 15 vol% PPTA and extrusion compounded 
at 260 ◦C for 10 min, were subjected to additional high-temperature heat 
treatments under conditions conducive to matrix transamidation in 
PA610. These treatments did not affect the dynamic response at tem-
peratures up to the onset of PA610 melting at about 225 ◦C (Fig. 8a). 
However, at higher temperatures, a plateau in E′ at close to 20 MPa was 
observed in the heat-treated composites, which extended up to the 
degradation temperature. This behavior contrasted with that of the un- 
heat-treated composites, in which E′ fell to about 2 MPa before rising to 
20 MPa as the temperature approached the matrix degradation tem-
perature. Tensile tests on the same composites at 250 ◦C and a strain rate 
of 100 min− 1 confirmed there to be significant elasticity above the 
melting point of the matrix, not only under dynamic loading but also up 
to large strains under quasi-static conditions (Fig. 8b). Moreover, the 
heat-treated composites showed a far higher tensile modulus in the 
tensile tests at 250 ◦C than the un-heat-treated composites, consistent 
with the DMA results, and a more than two-fold increase in tensile 
strength. However, their elongation at break remained close to that 
observed prior to heat treatment. 

Because the high-temperature heat treatments took place under 
quiescent conditions, the corresponding reinforcement of the melt 
elasticity was inferred to be due to increased specific interactions and/or 
covalent bonding between the PPTA fibrils and/or the PPTA and the 
PA610 matrix, as opposed to further mechanical break-up or dispersion 
of the fibrils (the stiffness of the PPTA itself is not expected to change 
markedly even after prolonged heat treatment at 300 ◦C [50,58]). 
Moreover, the increases in E′ with temperature above Tm observed in 
first DMA scans for nanofibrillar PPTA contents of 15 vol% or more were 
maintained on cooling to Tm and during subsequent heating and cooling 
cycles, and could also be reproduced by high-temperature heat treat-
ment in situ in the DMA (Figure S8). It was not possible to establish here 
whether covalent bonding took place between the PA610 and the PPTA 
using direct analytical techniques. However, there is evidence from the 
literature for the formation of covalent bonds between aramids and 
aliphatic polyamides by transamidation in the melt state [59], and we 
have previously shown transamidation involving semiaromatic poly-
amides to occur rapidly not only under melt compounding conditions 
but also at solid polyamide surfaces in contact with an 
amide-functionalized melt [27,28,30]. Although the surfaces of as-spun 
PPTA fibers are generally considered to be poor in accessible functional 
groups, the internal interfaces from which fibrillation presumably 
originates are expected to contain very high concentrations of more 
reactive chain ends [31–34]. Indeed, improvements in the 

compressional strength have been reported for aramid fibers reinforced 
by using chemical treatments to partially break up their constituent fi-
brils, followed by crosslinking of the freshly exposed surfaces [60,61]. 
Mechanical exposure of the fibrils to a suitably reactive environment 
may therefore promote covalent bonding at the interfaces, which may in 
turn contribute to the formation of a stable fibril dispersion during 
compounding. Moreover, covalent bond formation due to trans-
amidation should be reversible with respect to the large 
high-temperature shear deformations associated with extrusion and in-
jection, and consequently not compromise processability [62]. 

A further direct consequence of the presence of a robust elastic 
network in the composites at high temperatures was an increase in heat 
stability. This was evidenced by an increase in the heat deflection 
temperature (HDT) from about 180 ◦C for the unmodified PA610 matrix 
to over 220 ◦C for the as-molded composites containing 15 vol% PPTA. 
This latter HDT value is comparable to that of typical glass fiber- 
reinforced grades of PA610 as determined by ISO 75 Method B [63]. 
Moreover, whereas the unmodified PA610 underwent viscous flow 
when subject to a flexural stress of 0.455 MPa at temperatures above its 
Tm of about 225 ◦C, a maximum deflection of 16 mm was observed in 
PA610-15 vol% PPTA extruded at 260 ◦C for 10 min, which remained 
stable between Tm and the degradation temperature, despite extensive 
charring of the matrix (Fig. 8c). The maximum deflection decreased to 
about 10 mm in PA610-15 vol% PPTA extruded at 260 ◦C for 10 min and 
heat treated for 3 h at 300 ◦C. The heat stability was hence substantially 
improved with respect to polyamide-based composites based on nano-
cellulose, which show limited high-temperature elasticity, owing to both 
significant aggregation of the reinforcing fibers at concentrations 
greater than 10 wt%, and thermal degradation of the fibers themselves 
[64,65]. 

4. Conclusions 

High-temperature extrusion compounding of commercial chopped 
PPTA fibers with a thermoplastic aliphatic polyamide is a straightfor-
ward and effective way of preparing well-dispersed, temperature-resis-
tant, all-polyamide nanofibrillar PPTA-reinforced composites with fibril 
diameters ranging from 50 to 500 nm. Under the present compounding 
conditions, PPTA contents of 15 vol% or more led to substantial in-
creases in stiffness and tensile strength. Thus, a Young’s modulus and 
tensile strength of about 6 GPa and 115 MPa, respectively, were ob-
tained for a PPTA content of 30 vol%. Although these values were 
approximately half those reported for PA610 reinforced with 30 vol% 
short E-glass fiber (GF) under ideal molding conditions [63], the cor-
responding density increase with respect to pure PA610 is significantly 
lower (around 10 % compared with 50 % for the GF-reinforced PA610). 

These improvements are attributed to enhanced fibrillation and 
strong fibril-matrix interactions, resulting in the formation of a me-
chanically percolating PPTA network. It is also suggested that trans-
amidation at the fibril-matrix interfaces may result in increased melt 
elasticity, as supported by heat treatment experiments, in which case it 

Fig. 7. Representative nominal tensile stress-strain curves from injection 
moldings of composites extrusion compounded at 260 ◦C for 10 min for the 
different PPTA contents indicated at a) 21 ◦C (glassy) and b) 150 ◦C (rubbery) 
and a nominal strain rate of 10 %/min. 

Table 1 
Young’s modulus, E, nominal yield stress, σy, nominal tensile strength, σmax, and 
strain at failure, εmax, from tensile tests at 21 ◦C and a nominal strain rate of 10 
%/min on injection moldings of composites extrusion compounded at 260 ◦C for 
10 min for the different PPTA contents indicated. In the absence of a clear yield 
drop, the yield stress was taken to correspond to the knee in the stress-strain 
curves, i.e., the stress, σ, corresponding to the first point of inflection in dσ/dε 
plotted as a function of the nominal strain, ε.  

PPTA [vol%] E [GPa] σy [MPa] σmax [MPa] εmax [%] 

0 2.4 ± 0.1 55 ± 1 61 ± 1 76 ± 30 
7.5 3.6 ± 0.1 69 ± 1 80 ± 1 18 ± 8 
15 4.1 ± 0.1 72 ± 1 105 ± 1 11 ± 4 
22.5 5.6 ± 0.1 79 ± 1 118 ± 1 5.8 ± 2 
30 5.9 ± 0.1 85 ± 1 116 ± 1 4.0 ± 2  
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may also contribute to stabilization of the fibril dispersion during 
compounding. In contrast, conventional short PPTA fiber-reinforced 
polyamides show only modest reinforcement, precisely because of the 
fiber break-up observed here in the early stages of extrusion com-
pounding, which leads primarily to low-aspect-ratio PPTA fragments 
rather than fibrils [6]. 

This approach holds promise for the reinforcement of not only of 
PA610 but also a wide range of other aliphatic and semiaromatic poly-
amide thermoplastics. Such materials offer potential advantages over 
conventional short inorganic fiber-reinforced thermoplastics, including 
improved surface finish and weld-line strength, and reduced tool wear, 
and may consequently be of significant interest for the replacement of 
metals in structural applications requiring lightweight, heat-resistant 
parts. They also provide a foundation for the preparation of hybrid 
polyamide composites that combine fibrillated PPTA with other types of 
reinforcement, e.g., GF, which we are currently investigating for 
possible synergistic effects. 
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