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Abstract

Intense researches on new kinds of materials, especially those with marked multi-principal-element

character, currently give rise to all-intricate multiphase environments, for which reliably predicting

structure and stability becomes extremely difficult to achieve with macroscopic phenomenological

modellings. The purpose of this work is to demonstrate how this issue can be overcome by sticking

down to the atomic scale, through ab initio-based thermodynamics within the Independent-Point-

Defect Approximation (IPDA), which offers an efficient framework to investigate systems involving

various chemistries and crystallographies. As a case study of significant intricacy, we consider

ternary Al-B-Ti viewed as an approximant for Al-based alloys reinforced with TiB2 particles and

including AlB2 and Al3Ti additional compounds. Firstly, our IPDA investigations reveal unexpected

discrepancies among neighbouring metallic borides, and predict point defect structures at odds with

earlier pictures commonly employed hitherto, which suggests that many complex compounds may

suffer from inadequate phenomenological modellings. Furthermore, we show that far-reaching

conclusions on phase stability can be drawn only if the scope of analysis is broadened up to en-

compass global multiphase IPDA-based thermodynamics, a task which constitutes the core and the

methodological originality of this work. Our approach thus provides reliable arguments to inter-

pret the occurrence of various kinds of poorly known compounds, as illustrated by the controversial

behaviour of Al3Ti and AlB2 in TiB2-reinforced Al-based composites. Finally, our work allows to con-

clude that the robust and handsome IPDA approach can be extended to highly intricate multiphase

situations, e.g. to investigate other classes of multiphase multi-principal-element materials, which
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due to the presence of complex crystal structures can hardly be explored by alternative methods.

Keywords: point defects, ab initio calculations, thermodynamics, complex systems, metallic

borides, aluminium alloys

1. Introduction

Unraveling the physical factors responsible for alloy stability still currently remains a hard chal-

lenge for most multicomponent and multiphase alloys elaborated in practice [1]. Quite often, the

predictions for such inhomogeneous systems are crippled by the occurrence of a wealth of poorly-

known phases, either intermetallic or involving light non-metallic elements (hydrides, borides,

carbides, nitrides, oxides...), with complex crystal structures and chemistries, showing intricate

long-range order and various critical stoichiometries associated with drastic changes of properties.

Thus, it is indeed a common feature, in practical elaboration processes of alloys, to be faced with

unexpected and ill-identified extra phases, which strongly complicates the interpretation of mea-

surements and tuning of properties, a situation also encountered recently in multi-principal-element

systems [2].

In principle, the answers to these questions should be provided by the knowledge of the ther-

modynamic properties of the various phases at stake, but the relevant experimental measurements

may be extremely uneasy to carry out, and atomic-scale models and simulations thus offer an effi-

cient alternative framework to deal with complex phases. While accurate ab initio methods can be

employed to this aim, the issue here is twofold, since (i) it is a difficult task to build free energies

from the atomic scale, and (ii) the upscaling towards more global macroscopic properties of com-

plex alloys (e.g. multiphase equilibria), usually carried out on phenomenological grounds, may not

be adequate, as illustrated below for aluminium alloys. Therefore, tractable and fully self-contained

atomic-scale approaches sufficiently robust to open routes towards higher-scale properties in struc-

turally complex multiphase systems are desirable, but they nevertheless remain too scarce in the

current state of the art. To depict this situation more precisely, it is instructive to note that, in

contrast with the extensive literature concerned with atomic-scale investigations of binary cubic

systems (much more seldom higher-order [3] or lower-symmetry [4] ones) restricted to a single

coherent lattice, atomic-scale explorations of multiphase stability have hardly addressed important

families of materials such as Al-based alloys or steels [5, 6]. As emphasized above, these defi-
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ciencies are due to the occurrence, in these widespread classes of materials, of many additional

ordered phases with complex low-symmetry structures, which hardly lend themselves to modelling

in widespread approaches such as cluster expansions, whereas these approaches can be employed

successfully for high-symmetry and coherent systems recently including single-phase bcc- or fcc-

based multi-principal-element alloys [7].

The present work aims at contributing to remedy these weaknesses, by proposing a compre-

hensive atomic-scale framework dedicated to yield reliable thermodynamic properties, noticeably

definite and reliable chemical potentials, in various structurally complex multiphase alloy envi-

ronments. To this purpose, considering the critical role played by phases involving some kind of

long-range order, the underlying point defect structures provide the most relevant and physically

safe background, and it is thus logical to explore the above issues from ab initio point defect-

based thermodynamics of ordered compounds. This task can be best carried out via the so-called

Independent-Point-Defect Approximation (IPDA) [8]. Due to its robustness and "chemically local"

character centered on stoichiometry (see further remarks below), the IPDA can be employed in

many difficult situations, involving complex crystallographies, e.g. recently for the Al4Cu9 com-

pound [9], or the MgZn2 Laves phase [10]. While firstly used in the realm of intermetallics, this

approach can also be applied to other kinds of systems, as shown previously (e.g. for carbides

[11] or carbonates [12]) and in the present work concerned with metallic borides. It also proved

to be a useful tool to help investigate the effect of additional elements in ordered compounds, as

shown e.g. for metallic elements in Cr23C6 carbides [11]. Most importantly, the IPDA provides an

appealing framework - maybe the only one - for step-by-step, physically sound design of atomic-

scale thermodynamics for structurally complex multiphase and multi-element materials, because of

the clear-cut separation between the foundations of the method, namely (i) the ab initio energetics

of point defects, (ii) the IPDA hypothesis of energetic independence of these defects, and (iii) the

various ingredients (elementary point defects, more complex ones, defect phonons...) that can be

included, or not, in a given IPDA model. While this triplet of separate foundations does also exist,

to some extent, in alternative routes such as cluster expansions, the much more handsome formu-

lation of IPDA allows to identify easily which route among (i)-(iii) should be followed, in order

to improve specifically the thermodynamic description of a given phase. As a second noticeable

advantage inherent to IPDA, this approach allows easy compound-selective improvements for the

overall thermodynamic modelling of multiphase systems, by focusing on a given phase, without
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inducing unphysical perturbations on the properties of other phases also modelled with IPDA. This

flexibility stems from the fact that, in contrast with cluster expansion models, encompassing large

composition domains, the IPDA is a "chemically local" approach fundamentally built on a sepa-

rate analysis of the elementary excitations (point defects) characterizing each ordered compound

around its stoichiometry. Indeed, the present work on Al-B-Ti will provide strikingly constrasting

situations in this regard, showing how IPDA allows to treat separately the AlB2 and TiB2 compounds

with a safe treatment of their specific point defect properties, in contrast with e.g. a single clus-

ter expansion modelling of both borides [13, 14] viewed as end-members of a (Al,Ti)B2 system

limited to Al-Ti substitutions but disregarding all other point defect properties. Last but not least,

our main concern being to use atomic-scale thermodynamics to carry out predictions of phase sta-

bility in complex multiphase alloys, the chemical potentials of the various elements in the various

phases appear as the central quantities required to reach this target with efficiency, since (i) they are

well-known to control the phase stability by determining the conditions of equilibrium and phase

compositions, (ii) they also control the stability of various microstructural defects (interfaces...) by

settling the excess energies of these defects. It is then noteworthy that, contrary to other atomic-

scale approaches, the IPDA offers a convenient frame to determine and handle chemical potentials

in complex multiphase environments.

In order to investigate these issues in detail, an appealing case-study is provided by aluminium

alloys reinforced by ceramics, the so-called « Metal Matrix Composites » (MMCs). In these alloys,

various poorly-known ordered phases are found to play a prominent role, (i) TiB2 metallic borides,

(ii) "chemically neighbouring" compounds such as AlB2 or Al3Ti, more or less transiently formed

during elaboration processes, (iii) more "exotic" Mg(Zn,Cu)2 Laves phases observed in final alloys,

induced by addition elements and showing complex crystal structures. The ill-understood stability

of these various compounds is determined by the chemical potentials of the various elements, either

intrinsic ones or additions, present in the alloy. Moreover, since the properties of these alloys are

determined by the interfaces between the Al-based main phase and TiB2 or Mg(Zn,Cu)2 particles

[15, 16, 17, 18, 19], the direct dependence of interface energies upon chemical potentials implies

that reaching a reliable knowledge of the overall stability of the multiphase system is of the utmost

importance. Furthermore, Al-based MMCs offer a good example to illustrate our first remarks in

this introduction on the intricacy of understanding phase stability and the limits of current predic-

tive approaches. Noticeably, the various kinds of elaboration processes of TiB2-reinforced Al-based
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MMCs show transient appearance of additional phases, in particular Al3Ti and AlB2, which cannot

be well justified from available knowledge.

To elucidate the role of these various phases in the elaboration processes of Al-based MMCs,

previous works have been dedicated to the thermodynamic assessment of the Ti–B system using

the Calphad methodology. In the framework of the compound energy formalism, the two-sublattice

model [(B,Ti%)1:(B%,Ti)2] was first used in [20, 21] to describe the TiB2 phase, where the symbol

% designates the major component in the related sublattice. This approach was then generalized in

[22] to treat both diborides AlB2 and TiB2 in the ternary Al-B-Ti system by means of the following

sublattice model [(Al,B,Ti)1:(B%,Ti)2]. In such descriptions, it should be noticed that arbitrary as-

sumptions are implicitly made concerning the nature of point defects occurring in these compounds,

namely only antisites TiB or BTi and Al substitution in the sublattice associated to the metallic el-

ement. Quite surprisingly, other types of defects, like vacancies, were not considered. In this still

ambiguous context, a goal of this work is then to revisit the models selected for metallic diborides,

since these models are essential ingredient for a successful description of the phase diagram, using

for example the optimization tool PARROT of the Thermo-Calc software [23]. Consequently, sig-

nificant ambiguities also arise when considering AlB2, which like its isomorphic TiB2 counterpart,

is eventually predicted as a roughly perfect line-compound in phenomenological thermodynamic

calculations, whereas severe composition changes are suggested by recent atomic-scale investiga-

tions [13, 14]. These discrepancies may question the validity of stability predictions in multiphase

contexts involving AlB2, such as Al-based MMCs. This justifies the present fully atomic-scale inves-

tigations of multiphase stability in Al-B-Ti. As shown below, our major goal will be to demonstrate

how IPDA thermodynamics offers a comprehensive way to unravel these issues, with atomic-scale

sound physical grounds.

To answer these questions, the present work will consist of the following steps:

(i) Starting from elementary statistical physics, atomic-scale IPDA thermodynamics will be re-

called for ordered compounds - to this aim, focus will be put on those compounds relevant in the

context of Al-based alloys, but this is a pure matter of convenience and by no means restrictive;

(ii) A thorough IPDA analysis will be carried out for TiB2(Al) titanium boride including Al addi-

tions;

(iii) A similar study on the neighbouring AlB2 compound will point out surprising differences

between both isomorphic borides, however detectable only if phase equilibria are included in the
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analysis;

(iv) Confronting these metallic borides with the Al(B,Ti) solid solution, will then make it pos-

sible to predict larger-scale alloy properties embodied in isothermal sections of the Al-B-Ti phase

diagram;

(v) Making connections with practical aluminium alloys, we will show how IPDA-based atomic-

scale thermodynamics allows to interpret ill-understood behaviours and help to remove experimen-

tal controversies on phase stability in Al-based MMCs.

2. Methods

2.1. Ab initio calculations

All ab initio energy calculations in this work were performed with the VASP software [24], using

the Projector Augmented Wave mode [25] and the GGA approximation with the PBE functional [26,

27]. The valence electrons for the pseudopotentials were 3s23p1 (Al), 2s22p1 (B) and 3s23p63d24s2

(Ti). The energy cutoff for plane wave expansions was chosen equal to 500 eV throughout, and all

k-point meshes were Γ-centered with 18×18×18, 16×16×16 and 18×18×18 for single unit cells

in fcc Al, TiB2 and AlB2 respectively. Total energies were calculated via the tetrahedron method

including Blöchl corrections [28]. A first-order Methfessel-Paxton [29] smearing scheme was used,

with a smearing width of 0.2 eV. These settings of parameters ensured reasonable accuracy for all

total energies (below 10−3 eV/atom). Magnetism being immaterial in Al-B-Ti, spin polarization

was not taken into account. All energy minimizations included the optimization of atomic positions

as well as supercell volumes and shapes, corresponding to crystals modelled under zero pressure.

Using the elemental free energies G0 of pure Al, B, Ti in their reference states (chosen to be fcc-

Al, α-B12 and α-Ti), the formation free energy per atom Gf of a given compound AlxByTi1−x−y is

defined generally from its total free energy per atom Gt as:

Gf (AlxByTi1−x−y) = Gt(AlxByTi1−x−y)− xG0(fcc-Al)− yG0(α-B12)− (1− x− y)G0(α-Ti) (1)

Though G0 and Gt should include all kinds (configurational, phonons, electronic [30]) of con-

tributions to the alloy and elemental microstates, the approach below will include only configura-

tional terms. More explicitly, while Gf should be decomposed as Gf = Gconff + Gphf + Gelecf , the

Gphf and Gelecf terms will be approximated to be zero, while Gconff will be conveniently obtained
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Fig. 1: Frame diagram of the DFT-based IPDA thermodynamics approach for multiphase equilibria.

"Method 1" refers to a full derivation of phase equilibria within the IPDA context, as illustrated in the

present work for Al-B-Ti; "Method 2" refers to a mixed scheme which corresponds to introducing the

IPDA-derived free energies into the Calphad tools for phase equilibria, through a proper conversion

via the Calphad Compound Energy Formalism (CEF) (see text for details).
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from IPDA. Under this assumption, the reference free energies G0 of eq. (1) can be identified to the

ground-state energies E0 derived from DFT, namely E0(fcc-Al)=-3.748 eV/atom, E0(α-Ti)=-7.946

eV/atom and E0(α-B12)=-6.678 eV/atom.

Also required will be the total reference energies (per unit formula) of the perfect defect-free

ordered compounds, namely E0(TiB2)=-24.476 eV, E0(AlB2)=-17.233 eV, and E0(Al3Ti)=-20.784

eV.

2.2. Atomic-scale thermodynamics, low-symmetry phases and multiphase equilibria: the IPDA method-

ology

As emphasized in the introduction, the IPDA modelling of ordered compounds [8] is a versatile

and handsome approach to settle ab initio point-defect-based thermodynamics of multiphase ma-

terials with various types of ordered phases, either intermetallic ones or involving other kinds of

elements (H, B, C, N, O...). For a binary ordered compound including a single addition element,

the IPDA approach is now recalled briefly, using the most convenient µV T formalism. The starting

point is the grand-canonical potential of each phase studied separately:

ΩµV T = E − TS − µiNi = − 1

β
lnZµV T = −PV (2)

(ZµV T partition function, β = 1
kT ), which has to be minimized with respect to the amounts {Nd}

of point defects (PDs) of various kinds {d}, under proper constraints of matter conservation. Under

the IPDA hypothesis, the {Nd}-dependent energy is, for a subsystem containing M unit cells:

E(v0,M, {Nd}, {Vd}) ≈Me0(v0) +
∑
d

NdE
GC
d (v0, Vd) (3)

with:

EGCd (v0, Vd) = E(Vd)−mde0(v0) (4)

the so-called grand-canonical (GC) energy of PD of type d, and E(Vd) the corresponding total

energy, both defined for a volume Vd containing md unit cells around the defect, e0(v0) being the

energy of the perfect crystal per unit cell with volume v0. A similar expression holds for the total

volume:

V = Mv0 +
∑
d

NdV
GC
d (v0, Vd) (5)

with V GCd (v0, Vd) = V −mdv0 the GC volumes.
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Sublattices {r} are essential ingredients of IPDA. For an A-B binary compound including A-type

and B-type sublattices (in respective numbers RA and RB), together with supplementary interstitial

sublattices, they are labelled as follows:

ρA ≡ {r ≤ RA}

ρB ≡ {RA < r ≤ RA +RB}

ρI ≡ {r > RA +RB}

(6)

In presence of an addition element C, and noting for convenience Erd the GC energy of PD of type

d located on sublattice r, and V for vacancies, the energy becomes:

E = Me0 +
∑
r∈ρA

[Nr
BE

r
B +Nr

V E
r
V +Nr

CE
r
C ]

+
∑
r∈ρB

[Nr
AE

r
A +Nr

V E
r
V +Nr

CE
r
C ]

+
∑
r∈ρI

[Nr
AE

r
A +Nr

BE
r
B +Nr

CE
r
C ]

(7)

The PD-induced configuration entropy reads simply Sc = −kMX with :

X =
∑
r∈ρA

pr[xrB lnxrB + xrV lnxrV + xrC lnxrC ]

+
∑
r∈ρB

pr[xrA lnxrA + xrV lnxrV + xrC lnxrC ]

+
∑
r∈ρI

pr[xrA lnxrA + xrB lnxrB + xrC lnxrC ]

+

R∑
r=1

przr ln zr

(8)

where:
zr = 1− xrB − xrV − xrC (r ∈ ρA)

zr = 1− xrA − xrV − xrC (r ∈ ρB)

zr = 1− xrA − xrB − xrC (r ∈ ρI)

(9)

and pr the number of sites of type r per unit cell, the various x quantities being the fractional

amounts of PDs, measured with respect to the number of sites of the corresponding sublattice. It is

9



then convenient to define:
αrV δ = exp [−β(Hr

V + µδ)]

(r ∈ ρA, ρB)

αrBA = exp [−β(Hr
B + µA − µB)]

αrCA = exp [−β(Hr
C + µA − µC)]

(r ∈ ρA)

αrAB = exp [−β(Hr
A + µB − µA)]

αrCB = exp [−β(Hr
C + µB − µC)]

(r ∈ ρB)

αrA = exp [−β(Hr
A − µA]

αrB = exp [−β(Hr
B − µB)]

αrC = exp [−β(Hr
C − µC)]

(r ∈ ρI)

(10)

involving the GC enthalpies Hr
d = Erd + PV rd of PDs, their chemical potential-dependent formation

enthalpies (factors of β), and:

Y rA = 1 + αrBA + αrV A + αrCA

Y rB = 1 + αrAB + αrV B + αrCB

Y rI = 1 + αrA + αrB + αrC

(11)

with δ = A for r ∈ ρA, δ = B for r ∈ ρB . The fractional amounts of PDs are then simply:

xrB = αrBA/Y
r
A xrV = αrV A/Y

r
A xrC = αrCA/Y

r
A r ∈ ρA

xrA = αrAB/Y
r
B xrV = αrV B/Y

r
B xrC = αrCB/Y

r
B r ∈ ρB

xrA = αrA/Y
r
I xrB = αrB/Y

r
I xrC = αrC/Y

r
I r ∈ ρI

(12)

from which the atomic fractions in the compound can be derived straightforwardly.

This formalism will be applied below for both metallic borides with additions, namely TiB2(Al)

and AlB2(Ti). Moreover, being easily transposable to a disordered system containing a single in-

trinsic element and an arbitrary number of additions, it will also be employed to study the Al(B,Ti)

solid solution of B and Ti in fcc aluminium, thus ensuring that all phases are treated in a fully

consistent way.

As a remarkable advantage, the µVT framework for IPDA provides the PD structure and derived

thermodynamic properties in a relatively straightforward way. This convenience, related to the role
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of chemical potentials as control variables, however relies widely on the use of an approximate

Gibbs-Duhem (GD) relation
∑
i x

0
iµi = E0 for each ordered phase investigated, where the sum

extends on the intrinsic species of the phase only (not on additions), while x0i are the atomic

fractions of these (intrinsic) species in the perfect defect-free compound of constant energy E0. In

the present work, all phases are thus treated in IPDA with approximate GD relations, namely:

• GD(TiB2): µTi + 2µB = E0(TiB2) for TiB2(Al);

• GD(AlB2): µAl + 2µB = E0(AlB2) for AlB2(Ti);

• GD(Al): µAl = E0(fcc-Al) for the fcc Al(B,Ti) solid solution.

As regards the Al3Ti compound, also close to the Al+TiB2 domain, its IPDA modelling and

role in multiphase equilibria were left for future work. It can be recalled that the exact form of

GD relations should involve compound free energies (thus including off-stoichiometry-dependent

configurational entropies). However, this issue is not critical: though slightly more cumbersome,

including exact GD relations in the IPDA framework is easily achievable (and was added as an

option in the IPDA toolbox), and tests performed on the Al-B-Ti phases of interest have indicated

that this refinement in modelling can be safely neglected in the present case. More generally than

Al-B-Ti, the validity of approximate GD relations in the context of IPDA can be easily understood,

as IPDA corresponds to moderate off-stoichiometries and amounts of point defects, hence a limited

effect of off-stoichiometry-dependent terms in compound entropies.

Anticipating on a more detailed and quantitative analysis of thermodynamic equilibria in Al-B-Ti

(section 3.4 below), it is interesting to make a connection, through the B and Ti chemical potentials

in TiB2, between the above IPDA model for TiB2 and the occurrence of the Al+TiB2 two-phase

domain characteristic of Al alloys reinforced by TiB2. This domain is bounded on either side by

a couple of three-phase systems, either Al+TiB2+Al3Ti or Al+TiB2+AlB2, each corresponding to

limiting values of the B or Ti chemical potentials. These limiting values, often required to discuss

interface stability in systems such as Al+TiB2 [15, 16, 31, 19] (see remarks in Introduction above,

and Appendix B of Ref. [19] for a clear determination of these values), are usually assessed in a

simplified way, under the assumption of perfect PD-free stoichiometric compounds TiB2, AlB2 and

Al3Ti, the Al(B,Ti) solid solution being assimilated to pure fcc Al, namely using the approximate GD

relations introduced previously. Under these hypotheses, the range of chemical potentials expressed

in terms of µTi, associated with the stability domain of the two-phase Al+TiB2 system, is:
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µinf
Ti ≤ µTi ≤ µ

sup
Ti (13)

with µinf
Ti =-10.989 eV/atom and µsup

Ti =-9.540 eV/atom. In this paper, the same condition will be

also expressed in terms of ∆µTi = µTi − E0(α-Ti):

− 3.043 eV/atom ≤ ∆µTi ≤ −1.594 eV/atom (14)

Combined with the above approximate GD relation for TiB2, eq. (13) can be converted in terms

of B chemical potential, leading to:

− 7.469 eV/atom ≤ µB ≤ −6.746 eV/atom (15)

As shown below, the IPDA will allow to determine conveniently the features of the two-phase

Al+TiB2 domain, notably the tie-lines. To this aim, the following procedure will be adopted, based

on the usual equality of chemical potentials between phases at equilibrium:

* the GD(Al) relation for the Al-based phase sets the Al chemical potential in both phases:

µTiB2

Al = µfcc-Al
Al = E0(fcc-Al) (16)

* each tie-line corresponds to a given value of e.g. the B chemical potential in both phases, from

which the Ti chemical potential can be deduced by means of the GD(TiB2) relation ;

* this set of (µTi, µB , µAl) yields the equilibrium compositions of the two phases ;

* a scanning of µTi in the interval of eq. (13) provides the full tie-line structure.

The frame diagram of the proposed approach is displayed on Fig. 1.

3. Results

3.1. Preliminary: IPDA for Al(B,Ti) solid solution

Although IPDA is mostly relevant for ordered compounds involving two or more intrinsic ele-

ments, it can also be used for solid solutions built on a single base element. In order to investigate

phase equilibria in Al-based alloys, a preliminary step is required, consisting in IPDA modelling of

the Al(B,Ti) solid solution. The total energies of the point defects selected for Al(B,Ti) are listed

in Supplemental Material, all species being allowed to occupy both kinds (O and T) of interstitial

sublattices. Considering supercells of various sizes, the corresponding GC energies (see figure in

12



(a) 

(b) 

Fig. 2: Using IPDA-based thermodynamics, free energy surfaces at 1000 K and zero pressure for the

Al(B,Ti), TiB2(Al) and AlB2(Ti) phases studied in this work: (a) top view showing the composition

domains explored in the (xTi,xAl) plane ; (b) 3D overview of formation free energies. The energy

of perfect point defect-free Al3Ti is also displayed, since this compound, while not studied from

IPDA in this work, was however used similarly to AlB2, to delimit the two-phase Al(B,Ti)+TiB2(Al)

domain on the phase diagram (see below in text).
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Supplemental Material) show reasonable convergence for 4x4x4 supercells. The latter values were

thus used to obtain the resulting point defect properties of Al(B,Ti) at 1000 K (see Supplemental

Material). This task was carried out under the approximate GD(Al) relation µAl = E0(Al) (cf.

previous section), which will be used recurrently in this work, as it provides the most convenient

starting point to settle IPDA phase equilibria between Al(B,Ti) and the borides investigated below.

In the present case of Al(B,Ti) modelling, which overlooks all complex defects coupling the chem-

ical species, point defects involving Ti and B are respectively functions of the Ti and B amounts in

the solid solution. As expected, Ti preferentially substitutes for Al, while B mainly occupies octahe-

dral interstitial sites. As regards Al defects, under the same approximation, their amount is simply

independent of the composition of the solid solution, with a marked preference for Al vacancies,

interstitial occcupancy being negligible for this element, as expected. The point defect properties of

Al(B,Ti) derived from IPDA then provide direct access to the free energy of this phase (Fig. 2, blue

color), selecting 1000 K as a temperature representative of the experimental conditions encoun-

tered in alloy elaboration and use. As shown on Fig. 2(a), the composition domain explored covers

a few at. % of Ti and B, a range consistent with the IPDA hypothesis and sufficient for our pur-

pose. On the whole, this IPDA modelling of the Al(B,Ti) solid solution provides a reasonably sound

picture, allowing to investigate below more intricate situations implying equilibria with ordered

compounds.

3.2. IPDA study of TiB2(Al)

TiB2 is probably the most important ordered compound for Al-based MMCs, due to its presence

as a dispersion of fine strengthening particles. This compound being a cornerstone of Al-based

MMCs, it is therefore of the utmost importance to ensure that its thermodynamic modelling is reli-

able, before attempting to include it into multiphase contexts. IPDA is an efficient tool to perform

this task, but surprisingly, the study of its point defect (PD) properties has not been carried out

so far. For purpose of analyzing the equilibrium between TiB2 and surrounding fcc Al-based solid

solution, Al substitutional additions should also be included in the panel of PDs for TiB2. As regards

the presence of Al on the interstitial sites of the TiB2 structure, this possibility cannot be discarderd

a priori for simple reasons such as strong difference in atomic sizes. Therefore, preliminary tests,

not reproduced here for brevity, were carried out, leading to conclude that such defects are indeed

negligible in TiB2(Al), as their concentration never exceeds vanishingly low values (10−50) at 1000

14



K. Even when restricting to substitutional sites, the propensity of TiB2 to accept Al as an additional

element is not obvious, especially when TiB2 is surrounded by (and in equilibrium with) an Al(B,Ti)

solid solution. Getting a precise knowledge of these subtle features therefore constitutes a major

target of this section. To this aim, the IPDA analysis was carried out for TiB2(Al) under the approxi-

mate GD(TiB2) relation (cf. section 2.2), thus supposed to be valid in presence of Al additions. The

required IPDA input parameters, displayed as Supplemental Material, are the total energies of the

various PDs relevant for TiB2(Al), as a function of the supercell size used in ab initio calculations.

The resulting GC energies (see also Supplemental Material) show reasonable convergence (within

a few meV) with 5x5x5 supercells, the latter supercell size being therefore used throughout in the

subsequent analysis of this compound.

3.2.1. Binary TiB2

It is natural to start by considering TiB2 as a reference four-PD compound, namely including

only both types of antisites (TiB and BTi) and vacancies (VB and VTi), the index referring to the

sublattice bearing the PD. The resulting PD structure of this reference compound is displayed on Fig.

3 around stoichiometry at (a) 1000 K, this temperature being typical of elaboration processes, and

(b) 3000 K close to the melting point of the compound. The main trend to be noted is probably the

stepwise character of the PD concentration profiles, with either type of vacancy as dominant defect,

antisites being formed in much lower quantities. Moreover, this character appears to be remarkably

stable up to higher temperatures (Fig. 3(b)), which indicates a strongly ordered structure for TiB2,

even close to the solid→ liquid phase transition. It also suggests that the temperature dependence

of the PD properties of TiB2 is well captured by the IPDA approximation. TiB2 thus clearly appears

as a vacancy-type ordered compound at all temperatures of interest. Fig. 3 also displays the

approximate IPDA trends for TiB2, as derived from straightforward simplified analytical expressions

(given in Supplemental Material). This analytical approach was pointed out previously [32] as

valuable for off-stoichiometric ordered compounds in which the structural PDs remain dominant

when the temperature increases, which is indeed the case for Ti and B vacancies in TiB2 on either

side of stoichiometry. As a consequence of this clear-cut PD behaviour of TiB2, the numerical

and analytical predictions of IPDA are found in excellent agreement in this compound, which thus

appears as a highly favourable case for IPDA thermodynamic modelling.

Before proceeding further towards multiphase stability in Al-based alloys, the possibility of in-
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BTi
VBVTi

TiB

(a)

1000 K

3000 K

(b)

BTi
VBVTi

TiB

Fig. 3: Concentrations (cf. equations (12)) of intrinsic point defects (vacancies and antisites) in

TiB2 around stoichiometry, from ab initio-based IPDA thermodynamics: (a) 1000 K (typical of elab-

oration processes of Al alloys), (b) 3000 K (approaching the TiB2 melting point). Point symbols and

lines respectively denote the exact numerical-IPDA calculations and their analytical-IPDA approxi-

mations.
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Fig. 4: (a) Total (blue) and formation (red) free energy of TiB2, from ab initio-based IPDA thermo-

dynamics, at 1000 K (full lines) and 3000 K (dashed lines), (b) same quantities at 1000 K for AlB2.

In (b), the effect of increasing the GC energy of the Al vacancy is also displayed (mixed blue lines),

and the green dashed line depicts the GC energy increase threshold for which equilibrium between

Al and the stoichiometric compound can be recovered (see text for details).
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IPDA curves, it can be concluded that the Ti composition of TiB2 compatible with the Ti chemical

potential values included in the green area is very close to the stoichiometric one.
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terstitial occupancy for B in TiB2 should now be investigated. Indeed, some unexpected dramatic

effect of interstitials in low-symmetry sites was evidenced quite recently in previous IPDA studies

of ordered compounds, e.g. for C in Cr23C6 carbides [11]. In order to include interstitial PDs in

the previous reference IPDA model for TiB2, and considering Ti as well as B for the sake of com-

pleteness, the required total energies on various interstitial sites (1b;2c;3f;3g) were calculated for

increasing supercell sizes, 5x5x5 supercells being found sufficient for reasonable convergence. The

PD amounts derived at 1000 K (cf. Supplemental Material) clearly indicate that, contrary to intu-

itive expectations due to the low atomic radius of boron, interstitial PDs should have no influence

in TiB2 (concentrations below 10−20), at least if complex PDs involving B are overlooked. Thus, the

reference four-PD structure (Fig. 3), involving only vacancies and antisites as major and secondary

PDs, remains valid.

On the whole, the above IPDA model for TiB2 seems reasonable (no PDs overlooked), and can

thus be used to investigate the related thermodynamic properties of this compound, primarily its

total and formation free energies (Fig. 4(a)). The free energy profiles of TiB2 have expected sharp

V-like shapes, consistent with near-perfect stoichiometry, a trend that will be discussed further

below, by confronting Ti and Al borides. For comparison, Fig. 4(a) also displays the free energy

at 3000 K, showing that the effect of temperature is much more important in Ti-rich compounds.

In the context of Al-based alloys, the interest of such profiles is however limited, since equilibria

between TiB2 and other B-Ti binary phases such as Ti(B) or B(Ti) solid solutions do not reflect

the alloy properties, and Al should therefore be introduced. The green-shaded area on Fig. 5

delineates the range of chemical potentials, expressed in terms of µTi by eq. 13, associated with

the stability domain of the two-phase Al+TiB2 system (section 2). The intersection of this area with

the IPDA profiles demonstrates that TiB2 should be almost perfectly stoichiometric in this domain.

This conclusion will be discussed in detail below, as phase equilibria will be assessed quantitatively

at 1000 K (phase boundaries in composition space), by taking into account the presence of Al as

addition element in TiB2, together with the B and Ti solubilities in Al.

3.2.2. Addition of Al in TiB2

Following our guidelines towards multiphase equilibria in Al-based MMCs, the interactions of

TiB2 with Al additions must now be explored. To carry out this study of TiB2(Al), the IPDA method-

ology remains applicable, relying on total energies of Al substitutional PDs (as explained above,
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the possibility of interstitial Al was not considered further), with reasonable convergence of GC

energies ensured for 5×5×5 supercells for Al substitutional PDs (cf. Supplemental Material).

In order to get a clear overview of the properties of TiB2(Al), it is instructive to perform first a T

= 0 K analysis of this ternary compound, by means of the constant-composition (NPT) framework

of IPDA, which at 0 K reduces to a constrained linear problem of enthalpy minimization. Despite

its limited interest in binary TiB2, this analysis becomes more valuable when the picture on PDs

becomes more difficult to grasp, for example at finite temperatures when the dimension of the

composition space increases. The 0 K analysis offers the advantage of simplifying the description,

by focusing on the so-called "structural" PDs which subsist at lower temperatures. The results of

this 0 K analysis for TiB2(Al) are displayed on Fig. 6, as function of the Ti and Al atomic fractions.

Remarkably, a strong composition dependence is found, as Al may substitute either for Ti or B,

respectively for xB > 2/3 and xTi > 1/3. For increasing Al contents in the compound, this effect

can be qualitatively seen as a filling of the available vacant sites associated to the dominant VB or

VTi defects. The presence of Al in TiB2 also induces the emergence of two limiting composition lines

for xB = 2/3 and xTi=1/3, with abrupt changes of the PD structure if the Al content crosses these

thresholds. Surprisingly, between these two limits, an intermediate composition domain is found,

in which vacancies (the major defects in Al-free TiB2) are ruled out, while Al addition is found to

substitute both for B and Ti. While the role of vacancies in TiB2 is currently not well known, it

may be expected that their Al-induced expelling may have consequences on the properties of TiB2

particles (e.g. atomic diffusion inside them) inserted into Al alloys, if these particles are constrained,

by multiphase equilibria, to have compositions lying within the intermediate domain shown on Fig.

6. It may thus be important to check whether TiB2(Al) particles in practical Al-based alloys should

be expected to lie within this vacancy-free domain of composition, the complexity of this issue being

probably enhanced further by the simultaneous competitive presence of other additions (Cu, Mg...)

in these alloys. On this figure are also specified the T = 0 K values for the elemental chemical

potentials, showing their strong variations when crossing the limiting lines, which can be seen as a

3D extension of the sharp profiles of Fig. 5. Noticeably, since the Al chemical potential in Al-based

alloys is expected to be close to the energy of pure fcc Al (approximate GD(Al) relation µAl = -3.748

eV/atom, cf. previous section), its actual level around the xB = 2/3 line may leave room for TiB2

undergoing severe PD-dependent changes, through possible switches, determined by the precise

multiphase equilibrium conditions of the alloy, between the xB > 2/3 domain and the intermediate
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Fig. 6: IPDA thermodynamics for TiB2 in presence of Al: overview of PD structure for the limiting

case of T = 0 K. The structural PDs and elemental chemical potentials (eV) are indicated in each

composition domain. The red cross symbols correspond to the path at constant Al chemical po-

tential, with value equal to the energy of perfect pure fcc Al, i.e. µAl = E0(Al) = -3.748 eV/atom

characteristic of equilibrium with the fcc-based Al(B,Ti) solid solution (see further analysis at 1000

K).

vacancy-free one. Further details on this issue will be given below, by considering more thoroughly

phase equilibria.

Our purpose being to investigate multiphase equilibria, a task that cannot be achieved realis-

tically at 0 K [5], the effect of temperature must now be included in the IPDA model of TiB2(Al),

which leads to the 3D free energy surface at 1000 K as illustrated on Fig. 2 (red color). The cor-

responding 3D profiles for PD amounts, extending those of Fig. 3 and more difficult to handle, are

not mandatory for further analysis. In the context of Al-based MMCs, it is much more relevant to

investigate the TiB2(Al) properties under the µAl = -3.748 eV constraint imposed by the approxi-

mate GD(Al) relation and Al+TiB2 equilibrium, which corresponds to a path in the (xTi,xAl) plane
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Fig. 7: Concentrations of PDs in TiB2(Al) in presence of Al at 1000 K, from IPDA thermodynamics,

along the path of constant µAl = E0(Al) = -3.748 eV/atom, characterizing equilibrium between

Al and TiB2: (a) 3D overview, (b) projection showing the xTi dependence. Full and dashed lines

pertain to intrinsic and Al defects respectively.

(Fig. 7(a)). For easier reading, the results are recast into a more convenient form for analysis on

Fig. 7(b), drawn solely as function of the Ti amount in the compound. Comparison with Al-free

TiB2 (Fig. 3) evidences strong Al-induced changes in PDs, in particular a drastic vanishing of Ti

vacancies for xTi < 1/3, together with significant substitution of Al on Ti sites. This constant µAl

path is also reported on Fig. 6 (red crosses), confirming that equilibrium with Al should indeed

constrain TiB2 into a domain of critically varying properties. From Fig. 6, the equilibrium µAl value

lies approximately midway between the chemical potentials relative to the couple of neighbouring

PD domains separated by the line xB=2/3. It is interesting to note that this feature, responsible for

the superposition of the equilibrium path (red crosses) and the line separating these domains (blue

dots), should be highly specific to Al+TiB2. It also shows the limits of the previous 0 K analysis to

characterize the PDs of TiB2(Al) in this two-phase system: this analysis allows to conclude reliably

that Al should substitute for Ti rather than B (a property that could be questioned for higher values

of µAl, closer to the -2.377 eV level on Fig. 6 and possibly encountered in environments implying

e.g. liquid Al), but provides no information on the secondary PDs (AlB or VTi?) around xB =

2/3. On the whole, our analysis strikingly illustrates the fact that the properties of TiB2 particles in

Al-based alloys should be highly dependent on their surrounding.

As introduced previously for binary TiB2 (Fig. 5), the current IPDA analysis of TiB2(Al) easily
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yields detailed information on the phase compositions in the useful Al+TiB2 domain, namely (see

below) the so-called tie-line structure on a phase diagram. The required chemical potentials are

displayed in Supplemental Material, in full 3D profiles and along the µAl = E0(Al) path, which

confirms our previous conclusions (0 K analysis, Fig. 6) that Al+TiB2 equilibrium implies µTi and

µB lying in a sharp, thus high-sensitivity, zone. For further analysis, Fig. 8 displays µTi and µB in a

more convenient form, together with the stability domain introduced previously for the two-phase

Al+TiB2 system and expressed in terms of µTi (green area), refining our previous picture of TiB2 as

stoichiometric compound when equilibrium with the fcc Al(B,Ti) solid solution is involved: (i) the

B amount in TiB2(Al) is fixed to 2/3 (Fig. 8(c)), and thus the Ti amount cannot exceed 1/3 (Fig.

8(a)); (ii) the Al solubility in TiB2 should remain small (less than 2 %) (Fig. 8(b)). As demonstrated

below, collecting these features will be useful to draw a fully atomic-scale-predicted Al-B-Ti phase

diagram, and infer practical consequences on phase stability in Al-based MMCs.

3.3. IPDA to resolve controversies on AlB2(Ti)

Owing to its utmost importance in Al alloys, the primary focus in our investigations is obvi-

ously on TiB2, and indeed the analysis reported hitherto is sufficient to yield the thermodynamic

properties in the two-phase Al+TiB2 domain typical of such alloys, as will be shown in the next

section. It is however of interest to include the AlB2 compound in the current IPDA investigations

of Al-B-Ti, at least for several reasons. Firstly, while AlB2 should be avoided in TiB2-strengthened

Al alloys, it may nevertheless be observed in specific elaboration conditions, but currently available

phase diagrams derived from phenomenological thermodynamics [22] are insufficient to predict

reliably its behaviour in thermodynamically equilibrated real alloys. Secondly, the picture of AlB2

as a nearly-stoichiometric compound suggested by these phenomenological phase diagrams seems

to disagree with recent atomic-scale explorations [13, 14].

Despite the different electronic properties of aluminium and titanium, AlB2 is almost completely

isostructural to TiB2, apart from slightly changed lattice parameters. This structural similarity of

both metallic borides is a remarkable feature, and IPDA offers an easy way to check whether this

may translate into similar PD and thermodynamic properties. It should be noted first that AlB2 is

very much less stable than TiB2, its formation energy being -0.129 eV/formula unit compared to

-3.174 eV/fu for TiB2 (from the energies in Section 2.1), which is striking by itself and may be a

part of the explanation to the very different defect chemical behaviours of these two compounds, as
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emphasized below. To investigate this in more detail, the total and GC energies pertaining to PDs

were calculated (see Supplemental Material) for AlB2(Ti) with Ti additions, including the possibility

of interstitials on (1b;2c;3f;3g) sublattices for all species, while in analogy with the aforementioned

trends for Al in TiB2, this possibility was neglected for Ti in AlB2.

3.3.1. AlB2 with Ti additions: 0 K analysis

For reasons that will become obvious below when inspecting non-zero temperatures, it is instruc-

tive to proceed for AlB2 slightly differently from TiB2, and consider first the PD properties of AlB2

at T = 0 K. Besides, although less important than Al in TiB2, Ti additions in AlB2 will be included

in the analysis, for the sake of completeness in the context of ternary Al-B-Ti, and also because the

approach may be relevant for other additions (Cu, Mg,...) present in practical Al-based alloys. Fig.

9 shows that the PD properties of AlB2(Ti), in the low-T range (T = 0 K limit), are significantly

different from those obtained for TiB2(Al). As an important qualitative discrepancy, only the xB

= 2/3 threshold is predicted in the (xB;xTi) composition plane, the xAl = 1/3 line corresponding

then to no noticeable changes in the compound PD properties. Furthermore, Ti additions in AlB2

should have a simpler behaviour than Al in TiB2, as Ti is found to substitute on Al sites whatever the

composition. This clearly illustrates the strongly different behaviours of both borides with respect

to addition elements. Moreover, as concerns intrinsic PDs (xTi=0 baseline of Fig. 9), the T = 0 K

analysis suggests that AlB2 is quite distinct from TiB2 clearly identified as a vacancy-type compound

above: whereas Al depletion requires Al vacancies, Al excess is accommodated by Al antisites rather

than B vacancies, suggesting that AlB2 should belong to the class of triple-defect compounds, which

near stoichiometry accommodate temperature increases by simultaneous formation of one antisite

and two vacancies, hence a net PD formation which for AlB2 can be written as [AlB+2VAl]. Finally,

comparing the constant thresholds of chemical potentials predicted for AlB2 in the 0 K limit (Fig.

9) to the µAl = E0(Al) = -3.748 eV/atom value taken throughout as a reference characterizing the

surrounding Al-based solid solution, clearly suggests that any Al+AlB2 equilibrium should involve

significant Al depletion in the compound. This issue will be considered further below including

temperature effects.

3.3.2. Binary AlB2: effect of temperature and phase equilibria

In principle, similarly to TiB2(Al), the knowledge of the properties of AlB2(Ti) was required for

our general purpose of multiphase equilibria in Al-B-Ti. However, the finite-temperature analysis of
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AlB2 was eventually not carried out in presence of Ti, as justified by the findings reported now. The

IPDA analysis of Ti-free AlB2 at 1000 K (Fig. 10) reveals that the behaviour of PDs in AlB2 should

be much more complex than previously predicted in the T = 0 K limit, thus more intricate than

in TiB2. On the whole, whereas in the Al-depleted domain the PD structure is rather simple - Al

vacancies being strongly dominant at working temperatures - the intricacy is higher for Al excess, a

competition occurring between Al antisites and B vacancies in this composition range. This feature

strongly questions the belonging of AlB2 to the aforementioned class usually referred to as triple-

defect compounds: Fig. 10(c) shows that the usual triple defect [AlB+2VAl], expected from the 0 K

analysis, loses its relevance as the temperature increases, AlB2 becoming a vacancy-type compound

with [VB+VAl] as characteristic combination of defects at stoichiometry. The IPDA analysis thus

depicts AlB2 as a compound with "hybrid" behaviour between the vacancy and triple-defect common

classes, due to a strongly temperature-dependent PD structure. In addition, the intricacy of this

structure is also enhanced by the simultaneous presence of AlB and VB as dominant defects in

B-depleted compounds.

As a consequence, the additional presence of B vacancies, as non-structural but thermally preva-

lent PDs, may lower the validity of simplified pictures used previously [32] to yield analytic ap-

proximate expressions for PD formation energies in ordered compounds, and shown above to work

reasonably well for TiB2 (the analytic-IPDA approximations indicated on Fig. 3). In particular, the

common result of equal formation energies for both kinds of structural defects at stoichiometry

may no longer be valid for AlB2. It should also be noted that this simultaneous presence of two

major defects, namely AlB and VB , in Al-rich AlB2 may increase the intricacy of the possible in-

teractions between them, giving rise to a wider panel of possible complex PDs involving antisites

and/or vacancies. Exploring the role of complex PDs is however a significant task in itself [33, 34],

and is thus left for future works, when necessary, for some Al-B-Ti phases probably including AlB2.

As regards self-interstitials in AlB2, Fig. 10 indicates they are minor PDs, occurring in negligible

amounts with the same order of magnitude as B antisites. On the whole, provided complex PDs can

be overlooked, these results suggest that TiB2 and AlB2 thus behave quite similarly for interstitial

defects, involving either B or the metallic element constitutive of the compound, namely that these

defects should be negligible in both borides. Such a conclusion is somewhat unexpected, and can

obvioulsy not be generalized to other compounds with complex crystal structures involving both

metallic and non-metallic elements (see e.g. an earlier work [11] on chromium carbides).
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Fig. 10: Concentrations of PDs in AlB2 from IPDA thermodynamics at 1000 K, including vacancies,

antisites and interstitial defects.
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Fig. 11: Schematic Al-B free energy diagram, illustrating the significant Al-poor off-stoichiometry

(with magnitude ε) of AlB2 in equilibrium with fcc Al, thus located beyond the limits of IPDA

validity (red areas). The dashed green line sketches equilibrium with the fcc Al solid solution.

The two-phase Al equilibrium chemical potential µAl�AlB2

Al is assumed to be equal to E0(fcc-Al)

specified in the methodology section.
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The free energy of AlB2 derived from these IPDA results is depicted on Fig. 4(b), indicating a

monotonically decreasing profile, i.e. a behaviour strongly different, on the B excess side of stoi-

chiometry, from that previously obtained for TiB2. While the validity of this prediction can hardly

be assessed in itself, a much broader insight is gained when replacing this free energy profile within

a larger scope of Al+AlB2 equilibrium, namely by confronting it with the energy level of fcc Al. Con-

firming our previous remark drawn from Fig. 9, this situation is sketched on Fig. 11, which suggests

that, contrary to earlier calculations [22], no equilibrium can be found, within the present IPDA

scheme, between nearly stoichiometric AlB2 and Al at working temperatures. Nevertheless, the va-

lidity of IPDA being usually restricted to moderate (a few atomic %) departures from stoichiometry,

beyond which interactions between PDs should begin to be unavoidable, it may be expected that

this Al-depleted off-stoichiometry threshold (noted ε on Fig. 11) should correspond to an increase -

not captured by IPDA - of the AlB2 free energy profile, thus allowing to recover a common tangent

required for equilibrium with Al to settle. As a consequence, phase equilibria in TiB2-reinforced

Al alloys should involve Al-depleted off-stoichiometric AlB2 with strong amounts of structural Al

vacancies, at odds with the predictions drawn from current phenomenological models [22, 13, 14]

viewing both AlB2 and TiB2 as purely antisite compounds. Furthermore, this strong tendency to Al

depletion in AlB2 questions the validity of the B chemical potential range (eq. 15, section 2), as de-

duced previously from the simplifying assumption of stoichiometric defect-free phases. Our results

indicate that this assumption probably fails for AlB2. Most critically, in view of the aforementioned

issues on the reliability of predicted phase diagrams (e.g. for Al-B-Ti) involving complex phases, the

present study of AlB2 clearly demonstrates the role of IPDA as an efficient tool to identify possible

deficiencies and suggest improvements when designing phenomenological models for the thermo-

dynamic properties of ordered compounds. To conclude this section, it must be pointed out that,

owing to the previous restrictions on this compound, the 3D free energy of AlB2(Ti) is displayed

for completeness on Fig. 2 (green color), but will not be used in the subsequent analysis of phase

equilibria.

3.4. IPDA and multiphase equilibria in Al-B-Ti: comparison with experiments

The previous IPDA-based thermodynamics of the Al(B,Ti) solid solution and both metallic borides

allows, through a proper upscaling from the atomic level, to investigate macroscopic current open

issues on multiphase stability in Al-based MMCs. Owing to the aforementioned restrictions for AlB2,
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and while the IPDA modelling revealed no failure in itself, a broader picture encompassing phase

equilibria was found to lead to exceedingly large Al depletion in AlB2, suggesting that the IPDA

model for this compound should deserve further refinements (see below in Discussion). Therefore,

our investigations are focused on the two-phase equilibrium between Al(B,Ti) and TiB2(Al). AlB2

is thus treated on an equal footing with Al3Ti, namely as two perfectly ordered compounds, the

role of which is merely to delimit the TiB2(Al)+Al(B,Ti) two-phase domain. In this context, the

relevant part of the Al-B-Ti phase diagram (isothermal section at 1000 K), as derived from the IPDA

modelling of Al(B,Ti) and TiB2(Al), is displayed on Fig. 12, and provides a convenient tool for

our further investigations of Al-based MMCs. Due to the low solubilities of addition elements in

both phases, the scale on this figure was not respected for clarity, the actual equilibrium compo-

sitions being given in Table 1. On the whole, using the methodology described in section 2, the

IPDA-predicted Al+TiB2 two-phase domain, delimited by the bold green tie-lines associated with

occurrence of either AlB2 or Al3Ti (respectively ∆µTi=-3.043 eV or -1.594 eV on figure 12, see eq.

14), is found to show a characteristic structure made of a pair of "head-to-tail fans" of intermedi-

ate tie-lines, located on each side of the xB=2xTi isopleth (red dashed line). While such overall

features, conveniently derived from the IPDA atomic-scale analysis, can be fruitfully employed to

improve phase diagrams built from more phenomenological approaches, useful quantitative trends

of Al(B,Ti)+TiB2(Al) equilibrium (Table 1) are also worth mentioning, which can be related to the

properties of two-phase Al-based alloys containing TiB2 particles. Considering first the Al(B,Ti)

solid solution, the solubility of B in this phase across the two-phase domain remains negligible,

typically below one ppm, at working temperatures. This however does not preclude a noticeable

influence of B, since this element is known to strongly segregate at interfaces such as grain bound-

aries. As regards Ti solubility, it is found to increase drastically, from negligible values to roughly 1

at. %, when going from the AlB2 limiting line to the Al3Ti one, a property thus strongly depending

on the overall composition of the - supposedly two-phase - alloy (see next paragraph for further

remarks on this topic). Turning then to TiB2, the solubility of Al in this phase shows large variations

across the two-phase domain, from negligible to much more significant values (1.5 at. %). The

consequences of these features on the practical properties of Al-based MMCs may be rather subtle,

including changes of the TiB2 particles themselves, e.g. via the Al-dependence of the elastic field

associated to the (semi-)coherent interfaces beteen both phases. It is noteworthy that the previous

theoretical analyses of Al|TiB2 interfaces [15, 16], assimilating TiB2 to a perfect (i.e. defect-free
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and Al-free) compound, have totally overlooked these aspects. Moreover, since Al solubility in TiB2

was previously found to occur mainly by Al substitution on Ti sites, its variation induces noticeable

changes (up to 1.5 at. % off-stoichiometry) in the Ti content of the compound, with negligible

influence on the B content which remains close to 2/3 throughout the two-phase domain.

Tab. 1: From ab initio IPDA thermodynamics, compositions (1000 K) of the TiB2(Al) compound

and Al(B,Ti) solid solution, for both limiting cases of three-phase equilibria corresponding to the

formation of a third neighbour phase, either Al3Ti or AlB2, as specified in the first row of the Table.

The chemical potentials (eV) are also recalled for both three-phase systems.

Al3Ti formed AlB2 formed

T=1000 K Al(B,Ti) TiB2(Al) Al(B,Ti) TiB2(Al)

µAl -3.748 -3.748

µTi -9.540 -10.989

µB -7.470 -6.744

xAl 99.6 % 0.8×10−9 ≈ 100 % 1.5 %

xTi 0.4 % ≈ 1/3 0.2×10−9 31.7 %

xB 0.5×10−10 ≈ 2/3 0.2×10−6 ≈ 2/3

Going one step beyond these IPDA-predicted intrinsic features of Al-B-Ti phase diagrams, the

present study also yields farther-reaching practical comparisons with Al-based MMCs reinforced by

TiB2 particles, e.g. those alloys designed from 7075Al series. The improved mechanical properties

of these MMCs are ordinarily attributed to TiB2 particles, which are supposed to entail a beneficial

grain refinement, and are introduced into an initial Al liquid bath at some level of a complex multi-

step elaboration sequence. As often in elaboration processes, the design of these alloys involves

ill-controlled and ill-understood transient formations or disappearances of phases, which suggests

interesting attempts of interpretation using the present IPDA work. To be more specific, the required

addition of TiB2 into the MMC is frequently carried out by means of a "master-alloy" or "grain re-

finer", the most frequent of which is the ternary alloy Al-5Ti-1B (in wt.%, i.e. 2.8 and 2.5 at.%

of Ti and B respectively). Among the ongoing debates about grain refinement and related mecha-

nisms, mostly intriguing is the controversial status of the Al3Ti intermetallic compound limiting the

Al+TiB2 two-phase domain (Fig. 12), during elaboration as well as in final MMCs. While it has even
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Fig. 12: Schematics of the calculated (ab initio-based IPDA thermodynamics) isothermal section

(1000 K) of the Al-B-Ti phase diagram (scale not respected), showing the whole Al+TiB2 two-phase

domain.
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Fig. 13: True-scale representation of the Al corner of the same phase diagram, including (i) the

frequently employed [35] Al-5Ti-1B master alloy (purple dot), and (ii) a grain-refined 7075Al alloy

containing 6 wt. % TiB2 [17] (blue dot); in the latter case, (iii) the effect of additional Ti in solution

in the Al matrix is also displayed (light blue dots).
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been suggested - a striking assumption - that grain refinement could be due to Al3Ti rather than to

TiB2, the structure and stability of Al3Ti in themselves raise valuable questions. Noticeably, it is not

clear whether this compound appears in bulk form, or as a two-dimensional layer at the Al|TiB2

interfaces. Moreover, whereas Al3Ti can be detected in the ternary precursor Al-5Ti-1B [35], this

compound is seemingly absent from the final strengthened grain-refined alloys, where only a Laves

phase Mg(Cu,Zn)2 is observed at Al|TiB2 interfaces [18]. On the whole, the factors, either ther-

modynamic or kinetic, controlling this (dis)appearance of Al3Ti during the elaboration process are

still to be elucidated. In this context, in order to bring reliable thermodynamic arguments for inter-

pretation, it is instructive to focus on the Al corner of the Al-B-Ti phase diagram, derived from the

present atomic-scale investigations, which for quantitative analysis is displayed at true composition

scale on Fig. 13. As a first interesting trend, stemming from the low solubilities and limited size of

the Al+TiB2 two-phase domain, the representative point (purple dot) of Al-5Ti-1B on this diagram

is found to lie within the Al+Al3Ti+TiB2 three-phase domain, in good agreement with the previ-

ously mentioned experimental presence of Al3Ti in this master alloy. Secondly, Fig. 13 also shows

(purple arrows) that the moderate "distance" in composition space, separating Al-5Ti-1B from the

Al+TiB2 two-phase domain, can be covered easily if Al-5Ti-1B is diluted into a larger Al-based al-

loy candidate to grain refinement. Here again, the trend predicted from our atomic-scale study

agrees well with the experimental absence of Al3Ti in final grain-refined alloys. Remarkably, this

dilution-induced shift into the two-phase domain directly results from the non-negligible amounts

of Ti accepted by the (Al) solid solution, a feature predicted by IPDA modelling and overlooked if

stoichiometric phases were assumed. This agreement between atomic-scale thermodynamics and

experiments can even be illustrated further on a grain-refined 7075Al alloy elaborated for experi-

mental studies [17]. In this case, the inoculation process did not pass through the Al-5Ti-1B master

alloy but proceeded by directly adding B- and Ti-containing salts, thus forming directly TiB2, the

weight fraction of which (6 wt.%) is indicated in Ref. [17]. Whereas this alloy was thoroughly

investigated [18], this did not reveal any presence of Al3Ti. Noticeably, the absence of Al3Ti in this

grain-refined Al-based MMC is roughly confirmed by our calculations, since the point corresponding

to this alloy (deep blue dot on Fig. 13) falls within the Al+TiB2 two-phase domain, a consequence

from the IPDA-predicted significant solubilities of Ti in (Al) and Al in TiB2. Fig. 13 (light blue dots)

indicates that up to 0.3 at. % Ti in (Al) is an acceptable amount if Al3Ti formation is to be avoided.

Moreover, while the respective proportions of the various salts in this process should in general
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imply some excess of Al3Ti or AlB2, the Al+TiB2 two-phase domain present on either side of the

Al-TiB2 line on Fig. 13 allows (to a certain extent) to avoid the presence of these compounds in the

final alloy. To conclude this section devoted to comparison with practical alloys, the present work

on Al-B-Ti demonstrates that atomic-scale IPDA-based thermodynamics offers a convenient tool to

help elucidating experimental issues, such as the controversial behaviour of the Al3Ti compound in

Al-based alloys refined by TiB2.

4. Discussion

As demonstrated above from its application to aluminium alloys, the proposed IPDA approach

for atomic-scale thermodynamics provides an efficient tool to explore alloy stability in multiphase

environments, especially when complex crystal structures are at stake. It allows building accurate

phase diagrams including a deep level of details (tie-lines...), which constitutes a practical strength

to carry out various comparisons with other, more phenomenological (e.g. Calphad-type), predic-

tions from computational thermodynamics. While the (apparent) deficiency of IPDA application to

AlB2 suggests that a more sophisticated atomic-scale thermodynamic modelling might be required

specifically for this compound, this does however not question the relevance of the overall approach

to investigate multiphase alloy equilibria. In particular, a recent work [13], using cluster expansions

and Monte-Carlo simulations, was devoted to an atomic-scale study of Ti1−xAlxB2, leading to pre-

dict phase-separation trends between both borides. In spite of its wide scope, this study was carried

out under the assumption that transitions between borides occur exclusively via Ti vs Al substitu-

tions on the metallic sublattice, thus considering B atoms as "spectators", a hypothesis chosen to

enhance the tractability of cluster expansion thermodynamics, much more cumbersome than IPDA.

Likewise, it is worth mentioning another recent study [14], devoted to atomic-scale investigations

of metal-deficient Al1−δB2, and suggesting that, due to an intricate behaviour of Al vacancies, this

compound should display a narrow composition range of stability and some significant (2 at.%)

Al-depleted off-stoichiometry, in agreement with our previous remarks on the possible limitations

of IPDA for AlB2 (see Fig. 11). As for ref. [13], the conclusions of this earlier work [14] on AlB2

were drawn within the hypothesis of "spectator" B atoms. In this respect, our IPDA study of Al-B-

Ti is complementary to each of these previous investigations on metallic borides, since it properly

includes all kinds of point defects and departures from stoichiometry, and allows for an easier cap-

ture of subtle effects due to addition elements in borides (e.g. Ti in AlB2). In particular, in the Ti-B
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Fig. 14: Comparison of GC energies of intrinsic and addition PDs in TiB2(Al) and AlB2(Ti), from ab

initio calculations.

system, this approach predicts that TiB2 is a vacancy compound, which is at odds with its Calphad

description adopted so far [20, 21]. Our work then suggests to revisit the models adopted for the

diborides in this type of approach and to assess the impact of such modifications on the obtained

phase diagram. Finally, it is worth noting that the calculated phase and defect energies could be

expressed as Calphad models using the compound energy formalism (CEF). Standard Calphad soft-

ware could then be used to easily generate the phase diagrams (and compare to Figs. 12 and 13),

a probably fruitful task left for future works.

There is a long-standing controversy [36] concerning TiB2 and AlB2 since they have the same
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structure: do TiB2 or AlB2 exist as two separate phases or as a continuous series of solid solutions,

(AlxTi1−x)B2 ? Our study on TiB2 clearly shows that its Al solubility limit is quite limited and not

higher than approximately 1.5 at %. Beyond this value, there is formation of AlB2 (cf. Table 1, eqs.

(13)-(16) and related comments at end of section 2 and beginning of section 3.4). This result is

in accordance with previous experimental and numerical works [36, 13], in which a low solubility

of Al in TiB2 and Ti in AlB2 was evidenced, a continuous compound (Al,Ti)B2 being then not

stable. A measured value of x = 0.01 was reported [36] which is slightly lower than the solubility

limit calculated in this work (x = 0.045) but of the same order of magnitude. Considering the

underlying assumptions, the agreement is satisfactory, which shows that the IPDA grasps the main

thermodynamic features of the Al-B-Ti system.

The current IPDA study of metallic borides has revealed strongly different point-defect-related

behaviours between AlB2 and TiB2, in particular the fact that the IPDA free energy for AlB2 allows

no equilibrium with the Al solid solution, whereas IPDA modelling of TiB2 is straightforward. Ele-

ments to understand these discrepancies are provided by comparing the GC energies of all intrinsic

PDs in both borides. To this purpose, comparing the full overviews of GC energies is mandatory,

since GC energies of PDs taken separately are meaningless quantities. From Fig. 14, it appears that

the main discrepancy comes from PDs, vacancies and B antisites, on the respective metallic sublat-

tices. These PDs, responsible for Al or Ti depletion, are much less energetic (with respect to other

kinds of PDs) in AlB2, hence the enhanced stability of AlB2 (with respect to TiB2) for metal-depleted

off-stoichiometry (xAl<1/3), a trend in good agreement with previous conclusions [14]. Another

non-negligible discrepancy between the PD structures of TiB2 and AlB2 can be noted for B3g intersti-

tials, much less favourable in AlB2. However, due to the minor character of self-interstitials in both

borides, this difference is not relevant to interpret the free energy profiles, and a similar remark

holds for BX antisites (X = metallic element). In order to get a deeper insight into the intricate

behaviour of AlB2, it is thus legitimate to focus on the effect of aluminium vacancies VAl. Fig. 4(b)

shows (mixed blue lines) that increasing the GC energy of this peculiar PD may indeed be sufficient

for equilibrium between fcc Al and nearly stoichiometric AlB2 to be recovered. The required rise of

vacancy GC energy (roughly 1 eV) may be easily attainable if refinements were included in IPDA, in

particular those due to PD phonons, as demonstrated by the significant phonon-induced increases

of vacancy GC energies previously obtained in the case of nickel aluminides [37] (see below for ad-

ditional remarks on PD phonons). However, since phonon contributions with unknown magnitudes
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are expected for various types of PDs, more reliable conclusions on the relevance of IPDA to capture

equilibria involving AlB2 would require full account of these additional contributions, which is left

for future work.

In this context, it is highly relevant to further discuss two main factors that have been neglected

in the above IPDA study of AlB2, namely (i) point defect phonons, and (ii) complex point defects,

both being likely to modify the PD and related thermodynamic properties of this boride. As regards

issue (i), atomic-scale investigations of PD phonons in ordered compounds still remain critically

scarce in general [38, 39, 37, 40]. While phonons in metallic borides are largely unexplored hith-

erto, a significant influence should be expected, in analogy with hydrogen-induced phonon effects

widely recognized in hydrides [40], since boron is a light element. At this stage, earlier works

on NiAl3 and Ni2Al3 nickel aluminides [38, 37] have already allowed to delineate general trends,

valid at least in these intermetallic compounds, of phonon GC free energies FphGC as function of the

various kinds of intrinsic PDs, namely FphGC(interstitials) < FphGC(antisites) (≈ 0) < FphGC(vacancies).

The high discrepancies predicted then among PDs of different kinds, reaching ≈ 1 eV at 1000 K,

strongly point out a prominent influence of phonons on the PD structures and derived phase equi-

libria. While these conclusions rather pertain to Ni-based alloys, similar analyses would be useful

for compounds, such as metallic borides, involved in other kinds of widely used alloys, e.g. Al-

based ones. More generally, since current computational facilities make it easy to include phonon

contributions in atomic-scale thermodynamics, such a task would be particularly valuable for the

numerous compounds, poorly explored up to now, involving metals and non-metallic elements

(borides, nitrides...). As regards (ii) complex PDs, this issue would also deserve further attention in

metallic borides, especially owing to the possible formation of boron-vacancy complexes, the latter

being well-known to exist e.g. in B-doped iron aluminides FeAl(B) [33]. More recently, the role

of complex PDs was thoroughly explored in oxygen-doped titanium aluminide TiAl(O) [34]. How-

ever, the thermodynamic consequences, for multiphase stability, of complex PDs involving boron or

oxygen were investigated in none of these two studies.

Due to the utmost practical interest of equilibria between fcc-based aluminium matrices and

TiB2 strengthening particles in the context of Al-based MMCs, the present work mainly illustrates

the exploration of a selected part of the Al-B-Ti phase diagram around the Al+TiB2 domain. How-

ever, the proposed ab initio IPDA-based approach for atomic-scale thermodynamics easily lends

itself to much wider explorations. For Al-B-Ti, in addition to AlB2 already discussed, this mainly
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concerns the zone along the Al-Ti axis, and several Al-Ti ordered phases could be included fruit-

fully, to provide an exhaustive phase diagram. Among these phases, Al3Ti is probably the most

relevant one, due to its proximity with fcc-based Al solid solutions in composition space. While

Al-Ti ordered compounds have already formed the subject of numerous atomic-scale investigations

[34], a single work was devoted to Al3Ti [41], with focus on point defect properties, but this

earlier work could not be taken into account in the present investigations of Al-B-Ti, since (i) its

conclusions were derived from a questionable picture of the compound, one Al sublattice being

overlooked without justification, and (ii) the effect of boron additions was not explored. On the

whole, wider applications of IPDA thermodynamics to B-doped Al-Ti ordered phases, allowing to

fill the unexplored domain located around the Ti corner of the Al-B-Ti phase diagram (Fig. 12),

should provide informative future works on Al-based alloys. Likewise, another noticeable strength

of IPDA thermodynamics, allowing many future extensions, lies in its ability to explore the influ-

ences of the numerous addition elements involved in elaboration processes. For aluminium alloys,

key issues are related to the trends of additions to incorporate the TiB2 strenghtening particles, or

other phases such as the Mg(Zn,Cu)2 compound experimentally observed at Al|TiB2 heterophase

interfaces [18].

While designed primarily to explore bulk properties of multiphase alloys, IPDA thermodynam-

ics may also efficiently help improving the description of microstructural elements in these com-

plex systems, especially for grain boundaries and heterophase interfaces. As demonstrated by the

wealthy literature devoted to atomic-scale studies of interfaces, the bridge here must be settled on

the elemental chemical potentials, key quantities which are usually difficult to obtain and easily

derived in the IPDA framework. As well known from the Gibbs phase rule, if the number of ele-

ments exceeds the number of phases, which is by far the most current case in practice, the chemical

potentials in multiphase multi-element alloys at equilibrium generally depend on the overall com-

position. This issue drastically enhances the intricacy when studying interfaces, mostly because

excess energies of interfaces, parameters controlling interface stability, cannot be regarded as in-

trinsic features. Conversely, equal numbers of elements and phases correspond to a remarkably

favourable situation for atomic-scale studies of interfaces, due to the absence of dependence upon

overall composition. In this situation, the chemical potentials can straightforwardly be derived

from the bulk free energies of the phases, the derivation being made simpler by the assumption,

conveniently overcome by IPDA, that both phases can be considered as perfect, i.e. by neglecting
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all point defects and off-stoichiometries. As a consequence, due to practical constraints in simula-

tions (periodic boundary conditions) atomic-scale studies of interfaces are usually carried out only

between two phases, unambiguous interface energies can be reached only for binary alloys, namely

for model systems quite far from real alloys. These restrictions explain the low amount of works

hitherto dedicated to interface studies in complex alloys, especially when compared to two-phase

binary systems forming the topic of numerous investigations, e.g. for widely used Ni-Al and Al-Cu

intermetallics [42, 43, 44, 45, 46] or metal-hydride systems [47, 48]. In more complex cases, exclu-

sively two-phase ternary systems so far (to our knowledge), inspection of the literature [15, 16, 31]

shows that the common way to partially circumvent the difficulty consists in performing interface

studies in a less accurate parametric form, i.e. by keeping several chemical potentials (a single one

in practice for two-phase ternary systems) as free parameters and confining them to a reasonable

range, the bounds of this interval being chosen to ensure that no undesired or unobserved sup-

plementary phases are stable. Specifically for Al-B-Ti, considering interfaces between Al and TiB2,

inspection of the two limiting three-phase equilibria Al+TiB2+AlB2 and Al+TiB2+Al3Ti allows to

determine "operative" domains for the chemical potentials, namely domains consistent with the sta-

bility of two-phase Al+TiB2 ternary alloys, the treatment being usually simplified by restricting to

perfect defect-free phases, as pointed out above [16, 19]. In this context, the IPDA thermodynamics

framework illustrated above allows significant improvements for atomic-scale studies of interfaces

in complex alloys, since the knowledge of the overall alloy composition allows selecting the unique

"operative" set of chemical potentials, from which interface energies can then be derived without

ambiguity, whereas the parametric approach can be discarded.

Checking the predictions of IPDA thermodynamics from experiments is a hardly feasible task if

one considers the "raw" outputs of IPDA, namely the point defect structures of the various present

phases, because reaching information on these low-scale properties requires intricate spectroscopic

methods (EXAFS, XANES,. . . ), themselves submitted to heavy models for interpretations. Con-

versely, this is a much easier task to produce experimental samples of alloys with well-controlled

panels of addition elements and submitted to well-controlled heat treatments of equilibration, thus

well suited for comparisons with IPDA-predicted multiphase equilibria. Nevertheless, as shown by

the frame diagram (Fig. 1), the approach described above does indeed make no reference to ex-

perimental data, as it entirely relies on an ab initio-based IPDA thermodynamics modelling of the

various phases. The only experimental data are those added on Fig. 13 for discussion. Similarly,
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no external thermodynamic database is required in principle: it may however be noted that this

favourable theory-based-only context (needing no “external boost”, experimental or phenomeno-

logical) is somewhat related to the fact that we were interested in the properties of condensed,

solid phases for which DFT provides a priori reasonable results. It is actually a well-known fact

that the DFT modelling of gas phases (noticeably O2) is less accurate. In such cases, earlier liter-

ature shows it is common practice to correct the DFT free energies and chemical potentials in the

gas phase using phenomenological databases. The above set of arguments demonstrates that ab

initio-based IPDA thermodynamics offers a convenient route to connect atomic-scale properties and

thermodynamics for multiphase multi-element alloys involving structurally complex, low-symmetry

compounds.

As regards equilibria in multiphase alloys involving many complex compounds, two directions

may be identified to extend the present approach (as shown by the couple of parallel downward ar-

rows at second step of the flowchart displayed on Fig. 1): (i) for systems with moderate phase and

chemical dimensionalities, as illustrated in the present work, the analysis may be achievable fully at

the atomic scale (left arrow), while (ii) for systems of higher complexity, a more convenient route

(right arrow) may be to use the IPDA framework to calculate robust phase/defect Gibbs energies,

and then formulate this as Compound Energy Formalism (CEF) models and use the Calphad tools

to calculate phase equilibria [49, 50]. Moreover, a wider use of ab initio-based IPDA could provide

an incentive to create and expand databases (possibly in connection with already existing ones, e.g.

[51]) reporting on atomic-scale predictions of point defect and derived thermodynamic properties

near stoichiometry, covering a large panel of compounds with arbitrary low-symmetry crystal struc-

tures [52] and various addition elements, thus allowing a more reliable handling of these frequently

poorly characterized compounds in larger-scale simulations including non-equilibrium phenomena

[53]. Finally, as such databases of IPDA-predicted properties of compounds would inherently in-

clude detailed information on sharp defect-related changes of behaviour around stoichiometry, they

may be well suited to refine predictive models of other properties (e.g. diffusion, melting [54]) for

which experimental reliable inputs are extremely difficult to obtain.

5. Conclusion

The origin of this work lies in a recurrent observation, namely that interpreting and predict-

ing phase formation and stability in multiphase multi-element alloys involving structurally complex
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compounds still currently constitutes a difficult task. This deficiency, mostly obvious in recently

discovered complex systems such as multi-principal-element or high-entropy alloys, is also highly

noticeable in more usual classes of alloys, such as iron- or aluminium-based materials. Indeed,

the various elaboration processes of alloys usually entail, either transiently or permanently, the

presence of numerous complex phases, whereas, in spite of valuable computational tools such as

Calphad approaches, our ability to understand and control their - often undesired - formation re-

mains limited by the accuracy of the phenomenological thermodynamic databases required as input

in these approaches. Most critically, it is often hazardous to undertake, for these complex time evo-

lutions of phases in elaboration processes, any interpretations in terms of kinetic arguments, as

long as the predicted equilibrium states of these alloys remain crippled with strong uncertainties.

In order to help overcoming these issues, the core of this work was the proposal of a robust method-

ology for atomic-scale thermodynamics, relying on ab initio density-functional calculations and the

independent-point-defect approximation (IPDA), allowing to explore equilibrium states of various

alloys with multiphase and multi-element environments.

To illustrate the proposed approach, we considered the practically interesting case of Al-based

metal-matrix composites (MMCs) strengthened by TiB2 particles, well approximated by the Al-B-Ti

ternary system. The founding layer of our approach consisted in thorough IPDA investigations of

the relevant phases in these aluminium alloys. While our main focus was on TiB2 including Al

additions, the AlB2 compound, observed but undesired in practice, was also investigated, showing

that TiB2 and AlB2, though isostructural, are characterized by unexpectedly diverging behaviours.

Including the Al-based solid solution typical of fcc matrices in real alloys, our approach gave fur-

ther insight into multiphase equilibria, through the Al-B-Ti phase diagram around the Al+TiB2

two-phase domain mostly interesting for Al-based MMCs. This allowed us to interpret currently

debated experimental observations related to Al MMCs, which could not be explained by earlier

phenomenological approaches. Noticeably, these conclusions were obtained thanks to the proposed

methodology for atomic-scale thermodynamics, which is physically justified and does not rely on

phenomenological assumptions. These are two major advantages since such assumptions may turn

out to become critically inaccurate when the chemical and structural complexities of the phases

rise too much. This methodology can easily be transferred to more complex multiphase systems,

and easily lends itself to extensions towards higher-order mixtures by including various addition

elements, such as (Cu, Mg, Zn...) typical of real Al alloys, and also widely present in other classes
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of complex materials such as multi-principal-element alloys.
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